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Abstract
Recently, room-temperature sodium-ion batteries (NIBs or SIBs) have raised a great
deal of attention for grid-level applications considering the sustainability advantages
of NIBs. Significant progress has been made for NIB cathodes by adapting the
knowledge learned on lithium-ion batteries (LIBs). Simultaneously, numerous
attempts have been made to find suitable anodes for NIBs, however, the research to
improve NIB technologies remains a challenge. This thesis presents fundamental
studies of various anode materials for NIBs from different aspects.
Surface and interface engineering of nanostructured anatase TiO2 anode through
Al2O3 surface modification and wise electrolyte selection is conducted. The results
show that Al2O3 coating provides beneficial effects to the TiO2-based anodes and the
modified TiO2 exhibits significant improvements in cycling performance using
electrolyte with binary ethylene carbonate (EC) and propylene carbonate (PC) solvent
mixture without the need of the commonly used fluoroethylene carbonate (FEC)
additive. The achieved excellent electrochemical performance (a high reversible
capacity of 188.1 mAh g−1 at 0.1C after 50 cycles, good rate capability up to 5C, and
long-term cycling performance for 650 cycles at a high rate of 1C) can be ascribed to
the synergistic effects of surface and interface engineering enabling the formation of a
stable and highly ionic conductive interface layer in EC:PC based electrolyte which
combines the native SEI film and an ‘artificial’ SEI layer of irreversibly formed
Na−Al−O.
A dual-modification approach of Mo doping combined with AlF3 coating is also
introduced to enhance the sodium storage activity of anatase TiO2. The Mo-doped
anatase TiO2 synthesized by a simple co-precipitation method delivers an enhanced
reversible capacity compare to pristine TiO2 (139.8 vs. 100.7 mAh g−1 at 0.1C after 50
cycles) due to enhanced electronic/ionic conductivity. Via further coating AlF3 using a
modified solid-state method, a much higher reversible capacity of 178.9 mAh g−1 with
good cycle stability and excellent rate capabilities up to 10C can be finally obtained.
The experimental results indicate that AlF3 surface coating could effectively reduce
solid electrolyte interfacial resistance, enhance electrochemical reactivity at the
surface/interface region, and lower polarization during cycling.
As for alloy-type anode of Sn with high theoretical capacity of 847 mAh g−1 but
experiences a high volume expansion of 420% upon sodiation, we carry out a
fundamental study of the degradation mechanisms that occur in Sn during
sodiation-desodiation by employing a Sn thick film as the anode. Electron microscopy
reveals new deformation mechanisms, as multiple Sn whiskers nucleate on the surface
of the Sn, while pores form within the Sn (over the Na-ion penetration distance) after
electrochemical cycling. These mechanisms are in addition to the dry lake-bed
fracture that is also observed. Such whiskers and pores may be more-subtle at the
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nanoscale, and therefore have not been reported for sub-micron Sn particles in porous
electrodes. The simplified planar geometry of the Sn sheet allows to dispense with the
influence of the binder and carbon additives that are required in porous electrodes and
the implementation of the Randles-Sevick equation provides a first experimental
estimate for the diffusion coefficient of Na+ in Sn as 6.45×10−12 cm2 s−1.
Finally, we explore facile synthesis of carbon materials from low cost carbon
source of CaC2 using a novel sulfur-based thermo-chemical etching technique.
Comprehensive analysis using X-ray diffraction (XRD), Raman spectroscopy, X-ray
photoelectron spectroscopy (XPS) and N2 adsorption−desorption isotherms, reveals a
highly graphitized mesoporous structure for the CaC2-derived carbon with a specific
surface area of 159.5 m2 g−1. Microscopic analysis displays micron-scale mesoporous
frameworks (4–20 μm) with a distinct layered structure along with agglomerates of
highly graphitized nanosheets (about 10 nm in thickness and 1–10 μm of lateral size).




Sodium-ion batteries (NIBs or SIBs) have been considered as the most promising
candidate for large-scale energy storage system (ESS) owing to the economic
efficiency resulting from abundant sodium resources, superior safety, and similar
chemical properties to the commercial lithium-ion batteries (LIBs).1 The practical
commercialization of NIBs and their use in large-scale electrical energy storage (EES)
technology for renewable energy sources (e.g., wind, solar, etc.) in the near future will
surely bring our modern society significant influences.
1.1 The development and principle of sodium-ion batteries
Historically, the study of Na+ ions as charge carriers for electrochemical energy
storage at ambient temperature started before 1980, almost at the same stage when the
study of rechargeable lithium batteries namely the currently so-called lithium-ion
batteres (LIBs) started. In 1980, electrochemical and highly reversible sodium
insertion into TiS2 at room temperature was demonstrated immediately after the report
in 1970s of electrochemical lithium insertion into TiS2 and its application for energy
storage devices.2,3 Also in 1980, LiCoO2, which is a lithium-containing layered cobalt
oxide and is still widely used as high energy positive electrode materials in LIBs, was
first reported.4 Inspired by this finding, similarly, the electrochemical properties of
sodium containing layered oxides, NaxCoO2, were also reported later.5 However, the
available energy density of Na system was much lower compared with the Li system
due to the different chemistry of Na from Li. Thus, after 1980, significant research
work was conducted only for LIBs, and studies on NIBs materials almost disappeared.
Research interest of LIBs was further accelerated by the finding of graphite, which
delivers high reversible capacity (theoretically 372 mAh g−1) with a low and flat
2
operating potential (0.1−0.2 V vs Li+/Li), and finally led to the first commercialization
of LIBs, graphite//LiCoO2 cell, in 1991 by SONY. Another important reason for the
standstill of development of NIBs was the absence of suitable negative electrodes for
a long period of time as Na cannot be inserted into the graphite layer and there was
only a few studies on potential negative electrode materials for NIBs before 1990s.6
In 2000, the research for NIBs witnessed its first turning point, as Stevens and
Dahn reported a high reversible capacity of 300 mAh g−1 with hard carbon, which is
now extensively studied as an anode material for NIBs.7 Then in 2006 Okada and
coworkers reported that NaFeO2 is electrochemically active in Na cells based on the
Fe3+/Fe4+ redox couple.8 These new findings were crucial for the development of
NIBs electrode materials. Today the research interest for NIBs is changing because of
those important findings and because of the controversial debates regarding the
limited global lithium reserves and higher cost to obtain Li, and considering the
increasing worldwide demand for electric vehicles (EVs) and ESS with large-scale
batteries. Therefore, though LIBs are still the dominate energy storage devices in the
market until now, the number of publications on NIBs has drastically increased in
recent years after 2010 indicating the increasing interests in NIBs and some promising
progress on sodium-ion-based full-cell system has been achieved.1,6,9,10
NIBs operate at ambient temperature, and are different from the already
commercialized Na-based technology, e.g., Na/S and Na/NiCl2 batteries.6 These
batteries usually operate at high temperature (~ 300 ºC) with alumina-based solid
(ceramic) electrolyte and molten sodium and sulfur as active materials, which induces
safety issue that is still a tough problem for large-scale applications. Naturally,
research interest in NIBs that could operate at room-temperature is renewed recently
because of the abundance and low cost of sodium resources.
3
Figure 1.1 Schematic illustration of room-temperature “rocking chair” sodium-ion
batteries.9
The working principle of room-temperature “rocking-chair” NIBs is similar to
that of LIBs as the structures, components, and charge storage mechanisms of NIBs
are essentially the same for LIBs except that lithium ions are replaced with sodium
ions. Figure 1.1 shows the schematic illustration of a room-temperature NIB. A NIB
consists of two sodium insertion materials, positive electrode (cathode side, where
reduction takes place during discharge) and negative electrode (anode side, where
oxidation takes place during discharge), and an electrically insulated electrolyte (in
general, electrolyte salts dissolved in aprotic polar solvents) soaked in a separator
between the two electrodes. During charge process, an oxidation reaction occurs at the
cathode side with Na de-insertion and electron loss. The Na+ ions migrate to the anode
side through the electrolyte, and electrons simultaneously transfer to the anode via
external circuit to keep charge balance. This leads to a reduction reaction occurring at
the anode with Na insertion. The opposite process occurs during discharge. The Na+
ions as charge carriers migrate back and forth between the cathode and anode during
repeated charge and discharge processes, just like a “rocking chair”, thus we call the
battery a “rocking chair” NIB. Take an example, if in a NIB system the cathode
materials and anode materials are layered NaMnO2 and hard carbon, respectively, the
charge/discharge mechanism can be represented by the following chemical reactions:
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Charge
Cathode: NaMnO2→Na1−xMnO2+ xNa+ + xe− (1)
Anode: C + xNa+ + xe− →NaxC (2)
Overall: NaMnO2 + C → Na1−xMnO2 + NaxC (3)
Discharge
Cathode: Na1−xMnO2+ xNa+ + xe−→NaMnO2 (4)
Anode: NaxC → C + xNa+ + xe− (5)
Overall: Na1−xMnO2 + NaxC → NaMnO2 + C (6)
1.2 Comparison between sodium-ion batteries and
lithium-ion batteries
With the rapid development of our modern society, the traditional energy supplied
from fossil fuels cannot meet the increasing demands. Meanwhile, the environmental
problems resulting from the continuous consumption of the fossil fuels and their
limited resources have spurred us to exploit renewable and green energy sources such
as solar and wind. However, these renewable energy sources are variable in time.
Therefore, to smooth out the intermittency of renewable energy production,
large-scale EES technology will become necessary.11 LIBs, one of the most important
electrochemical energy storage technologies, have been widely used in portable
electronic devices, EVs, and hybrid EVs due to their high output voltages, high
energy densities, and long cycle life.12Although LIBs potentially provide a solution to
meet the above mentioned tough challenges, we must reconsider the feasibility of
lithium. Indeed, the cost of lithium raw materials is increasing in recent years with the
increasing market for electric vehicles. Therefore, there is an urgent and desired need
to explore low-cost alternatives based on abundant resources. In this case, NIB
technology is considered to be a promising system as a substitute for LIBs due to the
lower price, natural abundance, and similar intercalation chemistry.
As shown in Table 1, the cost of sodium is much lower than that for lithium
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because it is very abundant in the Earth’s crust compared with lithium (Figure 1.2a)
and the sodium resource are everywhere and also found in the ocean. However, it
must be pointed out that the gravimetric and volumetric densities of NIB would not
exceed those of its Li analogue because of the relatively heavier and larger Na atom
and less-reducing potential of Na (Table 1).9 However, energy density is not a critical
issue in the field of large-scale ESS where cost and safety are more concerned. Thus,
developing room-temperature NIBs is still a reasonable alternative.
Table 1. 1 The comparison between Na and Li elements.6,9
Figure 1.2 (a) Elemental abundance in the Earth’s crust.6 (b) Comparison of the
manufacturing costs for LIBs and NIBs.14
Another point in favour of NIBs is that aluminium can be used as the current
collector for the anode, which is different from LIBs where copper foil must be used
Characteristics Na Li
Shannon’s ionic radii 1.02 Å 0.76 Å
Atomic weight 23 g mol−1 6.94 g mol−1
Eo vs.SHEa ‒2.71 V ‒3.04 V
Melting point 97.7 ºC 180.5 ºC
Distribution Everywhere 70% in South America
Price (for carbonates)12 ~ 0.5 US $ per kgb ~ 13.9 US $ per kgb
aSHE: Standard Hydrogen Electrode. bBattery grade (≥99.5%).
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for the anode as lithium forms a binary alloy with aluminium while sodium does not
alloy with aluminium at low potentials.13 By replacing the conventional, heavier and
more expensive copper anode current collector with an aluminium anode current
collector, the performance decrease of NIBs owing to the drawbacks of sodium
compared with lithium can be mitigated, and in particular, the cost of the battery can
be lower. Therefore, NIBs are considered to be potentially about 10% less expensive
in total cost than commercialized LIBs (Figure 1.2b), assuming they deliver the same
energy density.12,14 In addition, the expensive and flammable organic liquid electrolyte
for NIBs can be replaced by aqueous electrolytes, and cheap inorganic Na salts, such
as Na2SO4, NaCl, and NaNO3, can be used in a large-scale, which could further
enhance the safety and decrease the cost.9,15,16 Thus developing aqueous NIBs rather
than LIBs is another important aspect and trend.
1.3 Electrode materials of sodium-ion batteries
For a NIB (full cell), the difference in the electrochemical potential between the two
electrode materials (cathode and anode, as illustrated in Figure 1.1) provides the
theoretical voltage (V). The charge storage capacity of an electrode material (C),
determined by the ability of the material to uptake a certain amount of Na ions, is
often expressed by gravimetric (Ah g−1) or volumetric (Ah cm−3) units. Gravimetric
charge storage capacity is often named specific capacity and is most commonly
reported in units of mAh g−1. Figure 1.3 displays the theoretical specific capacities
and voltages of some known NIB cathode and anode materials. In the following part a
brief overlook of the currently studied various classes of active cathode and anode
materials is provided. Specifically, on the cathode side two most extensively studied
topics of layered transition metal oxides and polyanionic compounds will be
introduced while on the anode side, the most widely studied and promising materials
like carbon-based materials, Ti-based compounds, and Na alloys and compounds will
be discussed.
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Figure 1.3 Capacities and voltages of some known cathode and anode materials for
sodium-ion batteries.17
1.3.1 Cathode materials
1.3.1.1 Layered transition metal oxides
Na-based layered transition metal oxides (TMOs) of general formula NaxMeO2 (Me =
3d transition metal, e.g., Ni, Co, Mn, Fe, Cr, V, Ti, etc.) can reversibly intercalate Na+
ions, most of which can be used as cathode materials (except for low potential
NaTiO2), because of their high redox potentials and high theoretical capacities.18
Layered NaxMeO2 are built up of repeating sheets of edge-sharing MeO6 octahedra
layers with Na ions being sandwiched in between the oxide layers. As shown in
Figure 1.4, typical Na-based layered TMOs can be categorized into four main groups
P3, O3, P2, and O2 type depending on the surrounding Na environment and the
number of unique oxide layer packings. The letter indicates the environment where
Na ions are accommodated (O: octahedral, P: prismatic) and the number indicates the
number of crystallographic different MeO2 layers within each unit cell. Sodium
extraction from O3- and P2-type phases generally induces phase transitions
(O3→O'3→P3→P'3 and P2→O2, respectively, the prime symbol (') indicates a
distorted phase) due to the gliding of MeO2 slabs but without breaking Me−O bonds.5
O3- and P2-type phases are the most-common structural polymorphs and hot topics of
layered oxides which being widely studied as cathodes for NIBs because they are
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stable phases at high temperatures and can be easily synthesized in air by solid-state
reactions, co-precipitation routes, and hydrothermal methods.19 The most widely
investigated P2-type layered materials are NaxCoO2 and NaxMnO2 with x around 0.7
while the commonly studied O3-type layered materials are NaxMeO2 with Me = Mn,
Cr, Fe, and Ni with the Na content x close to 1.
Figure 1.4 Classification of layered TMO materials with sheets of edge-sharing MeO6
octahedra and phase transition processes induced by sodium extraction.15
Detailed discussion on performance and sodium storage mechanisms of each
kind of these widely investigated P2- and O3-type layered materials have been
reported in many review articles6,9,10,18−21 and thus will not be given here. Compared
with the Li-based intercalation metal oxide LixMeO2 in LIB systems, the NaxMeO2
having the same Me for NIBs behaves quiet differently showing more complicated
electrochemical behaviors accompanied by structural evolution during reversible
charge and discharge, owing to the large ionic radius of the Na+ ion. Deep insertion or
de-insertion of Na+ ions inevitably causes large expansion or shrinkage of the lattice
volume and easily induces irreversible phase transformations, leading to capacity
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fading. Strategies like forming mixed cation oxides, doping or cationic substitution
with inactive metals, surface modification, and morphology tuning have been shown
to be effective to enhance the structural stability and reaction kinetics thus to improve
the cycling performance.
1.3.1.2 Polyanionic compounds
This class of compounds derives its name from the tetrahedral XO4 and trigonal XO3
groups that partially replace MeO6 octahedral metal clusters. Polyanionic compounds
feature a 3D open-framework structure created by edge or corner sharing polyhedrons,
which is permeated by straight or tangled channels with relatively low Na+ diffusion
energies. In comparison with the layered TMOs, polyanionic compounds have shown
significant structural stability, thermal safety, and an overall higher operating voltage,
attributing to the strong inductive effect arising from the large anion groups (formed
by e.g. P–O covalent bonds) with high electronegativity.18 Therefore, a variety of
polyanionic compounds are being intensively pursued as promising Na intercalation
host for NIB cathode.
Figure 1.5 shows the crystal structures of representative polyanionic cathode
materials: phosphates (NaMPO4, NASICON (Na+ superionic conductor)-type
Na3V2(PO4)3), pyrophosphates (Na2MP2O7, Na4M3(PO4)2P2O7), and fluorophosphates
(Na2MPO4F, Na3M2 (PO4)2F3) (M = Fe, Co, Mn). By anion substitution with F− ion
(fluorination) or transition metal substitution (doping) in polyanionic compounds,
many new phosphate-class materials could be obtained with improved performances
in terms of specific capacity, cycling stability or operational voltage owing to the
enhanced Na diffusion and/or enhanced electronic conductivity after
modification.10,18,20 In addition to these widely studied phosphate-class polyanionic
compounds, other polyanion-type compounds like transition metal sulfates
NaxMy(SO4)z and silicates Na2MSiO4 (M = Fe, Co, Mn) are also being considered as
cathode candidates.
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Figure 1.5 Crystal structures of (a) olivine NaMPO4, (b) NASICON Na3V2(PO4)3, (c)
triclinic Na2MP2O7, (d) orthorhombic Na2MP2O7, (e) orthorhombic Na4M3(PO4)2P2O7,
(f) orthorhombic Na2MPO4F, (g) monoclinic Na2MPO4F, and (h) tetragonal Na3M2
(PO4)2F3 (M represents transition metals).19
However, polyanionic compounds usually suffer from a low electron
conductivity, which limits their rate performance. Combining carbon incorporation,
particle nanosizing, and pore design to fabricate porous micro-/nanostructures is an
effective strategy to enhance the rate performance due to a large improvement of the
reaction kinetics.19 The carbon network enables fast electron conduction and
improved structural integrity of the cathode particles, the particle nanosizing shortens
the diffusion paths of Na+ while the hierarchical structure could increase the specific
surface area of the material and therefore ensures sufficient contact with the
electrolyte. Furthermore, though the high operating potential is a typical advantage of
polyanionic compounds, high-potential reactions are usually accompanied by
electrolyte decomposition, therefore electrolyte optimization is necessary and the
effect of the electrolyte system on the performance needs to be systematically studied
to meet the practical application of high power NIBs.
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1.3.1.3 Other cathode materials
Other Na insertion hosts like metal hexacyanometalates (prussian blue analogues)
KM[Fe(CN)6] and NaxM[M′(CN)6] (M and M′ = Fe, Co, Mn, Ni), organic compounds
(e.g., aromatic carbonyl derivatives, pteridine derivatives, and polymers), and some





Graphite, the most commonly used anode in LIBs, does not intercalate sodium to
any appreciable extent due to the fact that sodium hardly forms staged intercalation
compounds with graphite because is electrochemically less active. In 2014, Adelhelm
et al. reported a co-intercalation approach to form a Na−solvent−graphite ternary
graphite intercalation compounds (GICs) anode for NIBs.22 With the use of a
diglyme-based electrolyte, the graphite exhibited a reversible capacity of about 100
mAh g−1 at 0.1 C with a potential plateau at 0.6 V. Later, Kang et al. found that the
natural graphite could also deliver a reasonable performance with a capacity of 150
mAh g−1 over 2500 cycles in ether-based electrolytes.23 However, capacity of graphite
achieved by co-intercalation approach is relatively low and co-intercalation of
solvents causes a high level of volume change, limiting its practical application. On
the other hand, Wang et al. proposed another method to utilize graphite by expanding
its interlayer distance to 0.43 nm from its typical value of 0.34 nm.24 The expanded
graphite (EG) is a graphite-derived material formed by a two-step
oxidation−reduction process that retains the long range-ordered layered structure of
graphite, as schematized in Figure 1.6a. As a result, the EG delivers a moderate
capacity of 284 mAh g−1 at a current density of 20 mA g−1 and a good capacity
retention of 73.92% after 2000 cycles at 100 mA g−1. In their work, the Na+
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intercalation mechanism of the EG material through reversible interlayer
expansion/shrinkage during sodiation/desodiation has also been confirmed by cyclic
voltammetry and in situ TEM observations .
Figure 1.6 (a) Schematic illustration of sodium storage in graphite-based materials.
(left) Na+ cannot be electrochemically intercalated into graphite because of the small
interlayer spacing. (middle) Electrochemical intercalation of Na+ into graphite oxide
is enabled by the enlarged interlayer distance because of oxidation. However, the
intercalation is limited by steric hindering from large amounts of oxygen-containing
groups. (right) A significant amount of Na+ can be electrochemically intercalated into
expanded graphite owing to suitable interlayer distance and reduced
oxygen-containing groups in the interlayers.24 (b) “House of cards” model for sodium
filled hard carbon.7 (c) Typical potential vs. capacity profile for hard carbon when
tested against sodium metal counter electrodes.26
Hard carbon
Hard carbon, also known as non-graphitizable carbon, cannot be graphitized
through thermal treatment. They can be obtained from solid-phase pyrolysis of
phenol-formaldehyde resins, cellulose, charcoal, sugar, coconut and other biomass
wastes. In 2000, Stevens and Dahn first demonstrated the reversible insertion of
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sodium into hard-carbon host structures at room temperature.7 The hard carbon
prepared by carbonization of glucose at 1000 ºC exhibits a reversible capacity of 300
mAh g−1. To interpret the data the authors proposed a “house of cards” model for
sodium filled hard-carbon, as shown in Figure 1.6b, where expanded graphitic
domains are randomly arranged conveying a microporous structure to the carbon
structure. They attribute the sloping potential profile to insertion of sodium between
parallel or nearly parallel layers and the low-potential plateau to insertion of sodium
into the nanopores between randomly stacked layers through a process analogous to
adsorption.7 The involved mechanisms in sodium uptake were studied in detail later
by their in situ X-ray scattering study of carbon materials in electrochemical cells,
which verified the two-step storage mechanism proposed in the card-house model.25
Figure 1.6c shows the typical potential vs. capacity profile for hard carbon when
tested against sodium metal counter electrodes.26 The different steps of the mechanism
are also labeled and depicted. Tsai et al. further confirmed the reaction process
through density functional theory (DFT) calculation showing that large initial
interlayer distance is not the only factor that favours Na+ ion intercalation into layered
domains. In particular, the vacancy defects in hard carbon can greatly enhance the Na+
ion intercalation.27 However, Bommier et al. in a very recent study suggested that the
storage mechanism may be a three-step process rather than the widely believed
two-step storage mechanism based on the card-house model, consisting of Na-ion
storage at defect sites, by intercalation and last via pore-filling.28 Such research results
show that the mechanisms of Na storage in hard carbon is still controversial.
Therefore, further theoretical and experimental investigation should be conducted.
To date, numerous carbon-based materials with various morphologies, such as
porous hard carbons,29−32 carbon microspheres,33,34 carbon nanosheets,35,36 hollow
carbon spheres,37,38 carbon nanofibers,39−41 carbon nanofiber films,42,43 and graphene
paper44 have been proposed for NIBs and display promising storage performances
with reversible capacity higher than 200 mAh g−1. In addition, biomass derived
carbons also attract much interest due to their low production cost and low energy
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consumption during the synthesis procedure.20,45−47 In particular, noted that most of
the research work have adopted heteroatom (such as N, P, Sand F) doping strategy to
enhance the electrochemical properties. Doping heteroatom into a carbon structure
tends to enhance the electronic conductivity, to create more defect site (reaction sites)
for Na+ ions accommodation, and to improve the electrode−electrolyte interaction by
functionalizing the carbon surface.20 Even though significantly improved performance
has been achieved, the first cycle irreversible capacity (or low first cycle Coulombic
efficiency) and poor rate capability are still serious issues which hinder the practical
applications of hard carbons. To solve these problems, systematic studies of the
relationship between structure (such as specific surface area, porosity, vacancy defects
and graphitization degree) and property of carbon materials and the effect of
electrolytes and additives (solid electrolyte interface (SEI) layer), as well as




Titanium dioxides (TiO2) are the most common form of titanium compounds, has
several polymorphs such as amorphous, anatase, rutile, brookite, and monoclinic
TiO2(B)-type have attracted significant attention as typical intercalation anode
materials for LIBs owing to their properties of stable, reasonable operation voltage,
nontoxic, inexpensive, and abundant materials. Recently, TiO2 of different phases has
been investigated as anode for NIBs. Among them, most research results were
reported using anatase TiO2 because the activation barrier for Na+ insertion into the
anatase lattice is comparable to that of lithium, which is rather remarkable considering
its larger ionic radius.20 Anatase TiO2 (Figure 1.7a) features a 3D framework structure
built by the stacking of 1D zigzag chains assembling of edge-sharing TiO6 octahedra.
The unique structure with empty zigzag channels enables the reversible insertion of
Na+ and provides suitable pathways for Na+ diffusion.
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Figure 1.7 Schematic illustrations of (a) anatase-type TiO2, (b) Li[Li1/3Ti5/3]O4, (c)
Na2Ti3O7, (d) Na2Ti6O13, (e) P2-Na0.66[Li0.22Ti0.78]O2, and (f) NaTi2(PO4)3.15
Mitlin et al. first reported anatase TiO2 nanocrystals composite with amorphous
carbon as anodes for NIBs, which showed a stable performance of 150 mAh g−1 over
100 cycles at a rate of 50 mA g−1 and good rate capabilities.48 About the sodium
storage mechanism of anatase TiO2, Myung et al.49 first claimed an intercalation
mechanism based on the Ti4+/3+ redox reaction by using the ex situ X-ray diffraction
(XRD) and X-ray absorption spectroscopy (XANES) analysis of cycled electrodes.
They observed the reversible variation of the lattice parameter by the ex situ XRD
analysis but no new peaks for Ti and Na2O in the sodiated or desodiated state,
indicating that no conversion reaction occurred. Similarly, Kim’s, Sun’s and Yang’s
groups50−53 also obtained the same results based on an ex situ XRD or X-ray
photoelectron spectroscopy (XPS) measurements. However, in Wang’s study on
anatase TiO2 hollow nanospheres as NIB anode,54 the authors also conducted ex situ
XRD measurement but found that all anatase-related diffraction peaks disappeared
after discharge to 0.01 V and did not reappear in the following charge state, which
16
they attributed to the reversible conversion reaction between the Na ions and TiO2.
However, other reaction mechanisms of TiO2 for NIBs may exist, and some objective
factors may influence the experimental results. First, some amorphous phases in the
cycled electrodes may exist even if can not be detected by the ex situ XRD. Second,
the formation of SEI layer on the active materials and its variation induced by
electrolytes may contribute to the experimental results, which might be the reason for
the groups to not find the presence of metallic Ti by XPS and XANES. Therefore, to
remove the effect of the SEI layer as well as possible oxidation processes occurring
during sample preparation is urgent to acquire accurate experimental results.
Figure 1.8 (a) Potential profile of the first (dis-)charge cycle of an anatase TiO2-based
electrode at 0.01C (cut-off potentials: 0.1 and 2.0 V) including the proposed reaction
mechanism and the sodiation degree of the newly formed titanate phase at 0.3, 0.1,
and 2.0 V.55 (b) A scheme highlighting the structural relationship between the pristine
tetragonal and sodiated rhombohedral phases, view is along the (100) direction.56 (c)
DFT optimized structure for Na in anatase TiO2, showing the preferred off-center
coordination.56
Passerini et al.55 carried out a systematic study on anatase nanoparticles by
means of in situ and ex situ XRD, ex situ XPS and Raman spectroscopy, in situ gas
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chromatography and mass spectrometry (GC-MS), as well as electrochemical
methods with the aim of unfolding the reaction mechanism of anatase as a NIB anode.
The in situ and ex situ XRD measurements showed that almost all anatase-related
reflections disappeared except for the most intense (101) reflection at the end of the
first discharge step (sodiated state), revealing that the particles remained partially
crystalline. The anatase diffraction peaks were not observed at the subsequent charge
step (desodiated state), implying that new amorphous materials may form after the
desodiation process. The ex situ XPS analysis with the assistance of argon ion etching
revealed that during sodiation Ti4+ was reduced to Ti3+ and Ti0 and the Ti3+:Ti4+ ratio
increased upon continuous discharge to 0.1 V while decreased again on the
subsequent charge. The XPS results indicated that a new reversible sodium titanate
(Nax(TiO2)) was formed at the different charged and discharged states, which was able
to reversibly (de-)insert sodium ions. The in situ GC-MS results showed that the
steadily increasing oxygen (O2) evolution was remarkable during the initial discharge,
which indicated the reduction of TiO2 to Ti and accompanied the structural
rearrangement and amorphization of the active material. Based on the systematic
study the authors propose a new reaction mechanism of TiO2 (as shown in Figure 1.8a)
including the initial formation of an intermediately sodium titanate phase which
disproportionate into another sodium titanate phase, metallic Ti, NaO2 and O2. All
these processes are irreversible, but the newly formed amorphous sodium titanate
phase can reversibly uptake and release sodium ions. In a more recent study,
Dambournet et al.56 reported the reversible phase transition for sodium insertion in
anatase TiO2 based on the XRD, high resolution of high angle annular dark-field
scanning transmission electron microscope (HAADF-STEM), and pair distribution
function (PDF) analysis results. The authors claimed that the sodiated phase displays
a layered-like rhombohedral R 3m structure built from the stacking of Ti and Na slabs,
which shows strong disorder due to cationic intermixing between the Ti and Na slabs
with the refined chemical formula of (Na0.43Ti0.57)3a□ 0.22Na0.39Ti0.39)3bO2, where □
refers to vacancy (Figure 1.8b). Upon desodiation, the structure transforms to a
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heavily disordered three-dimensional network (amorphous phase) with a similar local
structure to anatase. The reversible sodium insertion/de-insertion is ensured by these
two phases and due to the amorphous nature of the two phases the electrochemical
process shows sloping composition-potential curves. In addition, the authors also
performed DFT calculations for NaxTiO2 to better understand the insertion of sodium
into anatase TiO2, revealing that Na+ ion adopts a five-coordinate off-center position
in the octahedral interstitial site (Figure 1.8c). The reversible phase transition theory
proposed by Dambournet et al. could well explain the sodium storage mechanism
occurring in anatase.
As anode materials for NIBs, however, TiO2 suffers from the low electric
conductivity and the slow ion diffusion. Downsizing the active material particles to
nanoscale, which has already proven successful for active materials in LIBs, is an
effective approach to improve the electrochemical performance. Thus, anatase TiO2
nanostructures with different morphologies such as hollow nanospheres,54
nanocubes,57 nanoplates,58 and mesoporous microparticles59 have been prepared. To
further enhance the electrochemical performance by increasing the electronic and
ionic conductivity of TiO2 materials, carbonaceous coating/hybridizing,49−53,60−63
element doping,52,64−69 and introducing defects70−72 have also been demonstrated to be
effective methods in recent years. In addition, the influence of the electrolyte on the
electrochemical performance of TiO2 has also been concerned. Passerin’s group73
investigated the electrochemical performance dependence of anatase TiO2 on various
electrolyte compositions (different salts and solvents). They found that anatase TiO2
presents the best performance in terms of specific capacity, cycling stability, and
Coulombic efficiency when using an electrolyte of 1 M NaClO4 in ethylene carbonate :
propylene carbonate (EC:PC) binary solvents.
Lithium/sodium titanates
Spinel Li[Li1/3Ti5/3]O4 (or Li4Ti5O12, Figure 1.7b), which is well known as a
high-safety and “zero-strain” anode for LIBs, has also been investigated as an anode
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material in SIBs in recent years. Zhao et al. reported its application in sodium storage
for the first time in 2012.74 The Li4Ti5O12 electrode exhibited an average storage
voltage at ca. 0.9 V and a reversible capacity of 145 mAh g−1. Later they further
investigated the influence of binders on the electrochemical performance of Li4Ti5O12
electrode which exhibited an improved performance with a reversible capacity of 155
mAh g−1 and excellent cyclability when using an appropriate binder of
carboxymethyl-cellulose sodium (Na-CMC).75 More importantly, the authors first
interpreted the sodium insertion behavior in Li4Ti5O12 via DFT calculations, in situ
synchrotron XRD and advanced electron microscopy through a new reversible
three-phase reaction of 2Li4Ti5O12 + 6Na+ + 6e− → Li7Ti5O12 + Na6LiTi5O12, which is
quite different from the well-known two-phase reaction of Li4Ti5O12/Li7Ti5O12 during
lithium insertion. Like TiO2, the intrinsically low electronic and ionic conductivity of
Li4Ti5O12 is a significant challenge to obtain high rate performance.
Therefore nanosizing the Li4Ti5O12,76,77 elements doping78 and carbon coating79 have
been reported to improve the performance recently.
Sodium titanates, especially Na2Ti3O7, have been extensively studied as anodes
for rechargeable NIBs in the past few years, due to its lower Na+ insertion voltage and
the open layered framework. The structure of Na2Ti3O7 is composed of zigzag TiO6
octahedra layers with Na-ions in the interlayer space (Figure 1.7c). Palacin et al. first
reported Na2Ti3O7 as an effective low-voltage insertion sodium compound which
shows the ability to reversibly uptake 2 Na ions per formula unit (200 mAh g−1) at an
average potential of 0.3 V.80 Wang et al.81 predicted by first-principles simulations that
Na2Ti3O7 could uptake 3.5 Na ions per formula unit giving the theoretical capacity of
311 mAh g−1, however no more than 2 sodium ions have been reversibly inserted. The
thermodynamic and kinetic properties of the sodium storage in Na2Ti3O7 as well as the
sodium diffusion trajectories based on a vacancy-hopping mechanism were
systematically investigated by Chen et al.82 Though Na2Ti3O7 is promising to be used
as anode for NIBs, its practical application is still challenging owing to some serious
issues. To address the insulating nature and to reduce the irreversible capacity
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occurring at the initial cycle to extend cycle life, surface engineering including
carbonaceous coating/hybridizing is needed and has been conducted.83−86 Compared
to Na2Ti3O7, another type of sodium titanate Na2Ti6O13 (Figure 1.7d), which has lower
sodium content presenting the tunnel monoclinic structure, has also been tested in
NIBs.87−90 During discharge it displays a higher voltage plateau at approximately 0.8
V and the reversible capacity is much lower than that of layered Na2Ti3O7.
Interestingly, a Li/Na-mixed titanate, Na0.66[Li0.22Ti0.78]O2 (Figure 1.7e), is also
studied as the insertion host for Na ions.91 The crystal structure is classified as the
P2-type layered structure, where Ti and Li ions are located at the edge-shared
octahedral sites forming [Li0.22Ti0.78]O20.66− layers while Na ions are located at six
oxygen-coordinated prismatic sites between the layers. This layered titanate material
allows 0.37 Na insertion into the host yielding a theoretical capacity of 116 mAh g−1
at an average storage voltage of 0.75 V. Specifically, it exhibits only ~ 0.77% volume
change during sodium insertion/extraction. Such a nearly zero-strain character with a
single phase reaction could be the remarkable advantage of Na0.66[Li0.22Ti0.78]O2 as the
electrode materials with good cyclability. Indeed, an excellent long cycle life over
1200 cycles with a small capacity decay of 0.02% per cycle has been demonstrated.
Though the practical capacity is relatively low (~ 100 mAh g−1) the excellent
cyclability and potential safety makes Na0.66[Li0.22Ti0.78]O2 a good candidate for the
development of long-life sodium-ion batteries for large-scale energy storage systems
Titanium phosphate
NASICON-type NaTi2(PO4)3, can be used as an electrode material for NIBs. In
the crystal structure (Figure 1.7f), TiO6 octahedra are isolated from each other by
corner-shared PO4 tetrahedra, forming the open structure with some vacant sites for
alkali ions. Delmas et al.92 first reported reversible electrochemical Na insertion into
NASICON-type NaTi2(PO4)3. Two mol of Na ions can be reversibly inserted in
NaTi2(PO4)3 based on a Ti3+/Ti4+ redox couple, giving a theoretical capacity of 133
mAh g−1 with a flat operating voltage of 2.1 V in non-aqueous electrolyte. It is
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considered as one excellent electrode material in large-scale application, due to the
open 3D framework with the large interstitial spaces, fast Na+ diffusion, low cost,
structural stability and intrinsic safe property even at high charge states. Nevertheless,
the low electronic conductivity inhibits its potential in battery applications.
Developing composites of NaTi2(PO4)3 with conductive carbonaceous materials have
been recognized as one of the most effective ways to improve the rate and cycle
performance.93−96 Furthermore, the performance of NaTi2(PO4)3 in aqueous electrolyte
has also been studied.97,98 Park et al.97 compared the electrochemical performance of
NaTi2(PO4)3 in non-aqueous and aqueous electrolytes and found that it exhibited
almost the same capacity at the first cycle for both cases but a smaller overpotential in
aqueous electrolyte at a large current density of 2.0 mA cm−2. The Na+
insertion/extraction potential was found to be located at the lower limit of the
electrochemical stability window of the aqueous Na2SO4 electrolyte. In addition, the
cycling performance and rate capability were better in aqueous electrolyte. The reason
can be ascribed to the usage of aqueous electrolyte with high conductivity and low
viscosity. Via compositing with graphene Li et al.98 obtained excellent cycle stability
at 20 C for 2000 cycles. These results indicate that NaTi2(PO4)3 is an attractive anode
for low cost and high safety aqueous NIBs (vs. non-aqueous systems).
1.3.2.3 Na alloys and compounds
In the former sections, insertion-type anodes of carbon-based and Ti-based materials,
which show relatively small volume expansion upon sodiation, were reviewed. In this
section, alloy-type electrode materials (e.g., Sn and Sb) that undergo huge volume
changes during the sodiation/desodiation process are reviewed. Alloy-type materials
have recently received increasing attention as anode materials, because they can alloy
with sodium to form Na-metal-alloy phases, generating much higher capacities
compared to the above discussed insertion-type materials. However, the extremely
high volumetric expansion–contraction during the repetitive alloying–dealloying
process caused by large sodium ions restricts the practical application of these
22
alloy-type anodes for NIBs. Because it will lead to electrode fracture or pulverization,
thus the loss of electrical contact and consequent capacity decay during cycling. To
date, strategies such as designing efficient nanostructures and introducing conductive
carbon host/substrate (e.g., carbon nanofibers, graphene) have been developed to
tackle this problem. Additionally, engineering binary inter-metallic compounds and
utilizing suitable binders and electrolytes (additives) also turn out to be effective
approaches for enhanced sodium storage properties.
Tin (Sn)
Sn has been regarded as one of the most promising anode materials owing to its
low reaction potential (< 0.6 V) and high theoretical specific capacity of 847 mAh g−1
based on the full sodiation state of Na15Sn4.99 Huang et al.100 investigated the
microstructural evolution and phase transformation with volumetric expansions of tin
nanoparticles during electrochemical sodiation using in situ TEM. According to their
report, Sn undergoes a two-step sodiation process to form a Na-poor, amorphous
NaxSn (a-NaxSn, x ~ 0.5) alloy phase (56% expansion) via a two-phase reaction with
a migrating phase boundary in the first step, and sequentially to form several Na-rich
amorphous phases and finally the crystalline c-Na15Sn4 phase (420% expansion) via a
single-phase reaction (Figure 1.9a). Actually, the electrochemical insertion process of
sodium into Sn has not been fully elucidated and it has been suggested to be more
complicated than that for LIBs. The structure and composition of the intermediate
NaxSn phases still need further investigation to better understand the sodium storage
mechanism of Sn though till now there have been some studies on this topic by using
various techniques and DFT calculations.99–106 The large volume variation during the
uptake–release process of 3.75 Na atoms in Sn is the main obstacle for full use of the
tin-based anode. Because it would result in substantial pulverization of the active
materials and loss of electrical contact with the current collector, leading to poor
cycling capability. Therefore, most works focused on dealing with this issue.
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Figure 1.9 (a) Schematic illustration of the structural evolution of Sn during the
sodiation.100 (b) 3D morphologies of the sodiated electrode and selected three
particles with different sizes and fracture and a schematic illustration of two critical
sizes for Sn fracture in NIB.107 (c) TEM image of Sn@C sphere.108 (d) SEM image of
Sn NDs@PNC nanofibers.109 (e) TEM image of F-G/Sn@C composites.110 (f) TEM
image of yolk–shell Sn@C eggette-like nanostructure.111 (g) Soft wood fiber substrates
effectively release sodiation generated stresses by structural wrinkling and dual
pathways for ion transport.112 (h) Schematic representation of the first lithiation and
sodiation of porous Ni3Sn2 intermetallic microcages, forming 0D electroactive M−Sn
(M = Li, Na) particles embedded in 3D conducting Ni hollow matrix.132
Wang et al.107 has visualized the 3D structural/chemical evolution of the Sn
electrode during multi-electrochemical cycles (sodiation–desodiation) via in situ
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synchrotron hard X-ray nanotomography (Figure 1.9b, left), which shows that small
particle is robust enough to survive the big volume expansion (no cracks, fracture or
pulverization) after Na ions insertion/extraction. Based on the statistical result they
also suggest two important critical sizes of 0.5 μm for low complexity (negligible
structural degradation) and 1.6 μm for high complexity (Figure 1.9b, right), which
provide valuable information for better understanding the failure mechanisms of Sn in
NIBs. Obviously, reducing the size of active materials to nanoscale is one effective
strategy to endure the huge volume change during (de)sodiation. In this approach,
electrodeposited Sn thin film anodes composed of fine grains exhibited a stable cycle
performance with a reversible capacity of 607.51 mAh g−1 after 40 cycles, which is
much better than that composed of coarse and isolated particles showing obvious
capacity fading.102 Furthermore, Sn nanofiber electrode synthesized by Nam et al.105
exhibited a high reversible capacity of 776.3 mAh g−1 after 100 cycles, which
corresponds to the capacity retention of 95.1%. Another effective approach is
constructing Sn/C nanocomposites by introducing conductive carbon host/substrate,
which can physically buffer the volume strain, prevent the nanoparticles from
migrating and agglomerating, and create the electric conducting pathways. To this end,
various nanostructured Sn/C composites108–112 with different morphologies (Figure
1.9c−g) have been fabricated and exhibited excellent cycling stability with high
capacity above 400 mAh g−1 and superior rate capabilities. In addition, it has been
demonstrated that binders in the electrode and electrolyte additives also play critical
roles in battery performance.113,114 For instance, Komaba et al.113 found that the
reversibility of the Sn powder electrodes was effectively improved by adopting
polyacrylate (PAA) as a binder instead of the mainstream binder of polyvinylidene
fluoride (PVDF), though the Sn−PAA electrode still showed insufficient capacity
retention due to the inevitable volume change of the electrode material and electrolyte
decomposition at the active surface of Na−Sn alloys. They also found that when a
small amount of fluoroethylene carbonate (FEC) was added to the propylene




Antimony could deliver a theoretical capacity of 660 mAh g−1 according to
formation of Na3Sb (fully sodiation state).99 It has also been emerging as one of the
popular alloy-type anode materials for NIBs. However, Sb also meets the challenge of
huge volume change (~ 390%) during the Na alloying/dealloying process, which
could cause capacity fading. Similar to the investigation of Sn/C nanocomposite
anodes, the investigation of Sb also focuses on constructing Sb/C
nanocomposites.115–124 For example, a novel Sb@C nanosphere anode with
biomimetic yolk−shell structure has been prepared via a nanoconfined galvanic
replacement route.122 The hollow Sb@C yolk−shell particles displayed a reversible
capacity of approximate 280 mAh g−1 at 1000 mA g−1 after 200 cycles. The excellent
performance can be ascribed to the novel hollow Sb@C yolk−shell structures which
allows for the full volume expansion of inner Sb while maintaining the framework of
the Sb@C anode and developing a stable SEI film on the outside carbon shell.
Binary inter-metallic compounds
In addition to the investigation of single element alloy based materials, some
binary inter-metallic compounds also have drawn attention and many nanostructured
materials have been designed. Binary alloy of SnSb125,126 and its composites with
carbon127−131 have been designed for NIB anodes. The formed SnSb alloy usually
exhibits better electrochemical performance than that of single one because the two
different metal phases can work as mutual buffers for each other to alleviate the
volume fluctuations. Besides, other binary inter-metallic compounds of Sn−M and
Sb−M, in which secondary mental M is an electrochemically inactive metal element
(e.g., Cu, Ni, Mo, and Fe), such as Ni3Sn2,132 NiSb,133 Sn0.9Cu0.1,134 FeSn2,135
Cu6Sn5,136 Mo3Sb7,137 and Cu2Sb,138 provide candidates as substitutes for the pure
elemental electrodes, since the lower volume changes and the presence of the inactive
element can provide a more stable structure and more efficient electronic conduction
within the expanding/shrinking framework. For instance, Yu et al.132 reported highly
porous Ni3Sn2 microcages composed of tiny nanoparticles as anode materials for
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high-capacity and high-rate-capability LIBs and NIBs (Figure 1.9h). The porous
Ni3Sn2 microcages were synthesized by a facile template-free solvothermal method
based on Ostwald ripening and etching mechanism. For Na-ions storage performance,
a reversible capacity of approximate 270 mAh g−1 was stably maintained at 1C for
300 cycles and excellent rate capabilities up to 10 C was also obtained. The reason for
the excellent performance is owing to the following aspects: i) mechanical strain of
the Sn during charge/discharge processes is effectively suppressed by the hollow
cores structure and the presence of the Ni matrix in the hollow microcages; ii) the
homogeneously encapsulated Ni converted from lithiation or sodiation of Ni3Sn2 is
certainly beneficial for the necessary electron transport. Mullins et al.134 prepared
Sn0.9Cu0.1 nanoparticles (~ 100 nm) via a surfactant-assisted wet chemistry route
carried out at room temperature. The electrodes made with the Sn0.9Cu0.1 nanoparticles
exhibited a stable capacity of greater than 420 mAh g−1 at 0.2 C rate, retaining 97% of
their capacity after 100 cycles, much better than that of the Sn microparticles and Sn
nanoparticles which respectively retained only 13 and 49% of their capacities after
100 cycles. The good performance is attributed to the addition of copper in the tin
which could effectively reduce the interfacial charge transfer resistance and suppress
aggregation among the nanoparticles.
1.3.2.4 Other materials
Besides, many other anodes have also appeared, such as metal oxides (except TiO2)
and metal sulfides based on a conversion reaction mechanism or a
conversion-dealloying mechanism, insertion-type organic anode materials (for
example, Na2C8H4O4) and carboxylate-based materials.9,14,20,139,140 However, the
electronic conductivity and cyclability still remain the significant challenge.
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1.4 The basic requirements for sodium-ion battery electrode
materials
The ideal electrode materials of NIBs generally need to meet the following basic
requirements:
(1) High electrochemical activity and specific capacity for reversible Na ions.
(2) To ensure a high voltage output of the cell, the cathode materials should have
high potential versus sodium while the anode materials should have close
potential with sodium.
(3) Good structural stability and electrochemical stability during Na ions insertion
/de-insertion, so that good reversibility and cycling performance can be expected.
(4) High ionic conductivity (Na ions diffusion coefficient) and electronic
conductivity, thus the electrode materials could exhibit lower polarization and
ensure the good capability of fast charge/discharge under high current densities.
(5) Good compatibility with the electrolytes, and high chemical and thermal stability
after the formation of SEI layer.
(6) Simple and efficient synthetic strategy, which is suitable for large-scale
commercial applications.
(7) The resources used for making cathode and anode should be abundant, low cost
and environmentally friendly.
1.5 General strategies for performance enhancement
To enable the application of the above mentioned promising cathode and anode
materials of NIBs in Section 1.3, various strategies have been used. These strategies
for performance enhancement are summarized from six aspects as shown in Figure
1.10, and are often similar regardless of type of material, crystal structure, or
operating mechanism.141 Essentially, all these strategies are talking about the same
topic of surface and interface engineering, which has been proven effective in
improving the electrochemical performance of electrode materials and has received
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more and more attention recently.
Figure 1.10 General strategies for performance enhancement and their rationale: (a)
reducing dimensions of active materials, (b) formation of composites, (c) doping and
functionalization, (d) tuning particle morphology, (e) formation of coatings or shells
around active materials, (f) modification of electrolyte. Note: these general strategies
are summarized for LIBs materials by Nitta, et al.,141 but can also be applied to NIBs
materials because of their similar electrochemistry.
1.6 Aims of thesis
The past decade has witnessed plenty of breakthroughs in the study of electrode
materials of NIBs. A variety of layered sodium metal oxides have been proven to be
suitable cathode materials and can be commercialized for practical uses. One of the
major challenges in NIB research is the search for suitable anode materials with long
lifetimes and high specific capacities. This thesis presents fundamental studies of
various anode materials for NIBs from different aspects.
Chapter 3 and Chapter 4 are concerned with surface modification of anatase TiO2
nanoparticles with the aim of improving the sodium storage performance by using a
simple but effective approach. Especially, in Chapter 2 the influence of different
electrolytes on the performance of TiO2 is also investigated.
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Chapter 5 investigates the Na-ion diffusivity and mechanical instability in Sn
anodes in the form of thick film, to better understand the seldomly studied
degradation mechanisms that occur in Sn anode during sodiation-desodiation.
Chapter 6 explores facile synthesis of carbon materials from low cost carbon
source of CaC2 using a novel sulfur-based thermo-chemical etching technique. The
application of the as-prepared carbon materials as anode for NIBs and LIBs is also
preliminarily studied.
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Chapter 2 Experimental
2.1 Chemicals and experimental instruments
2.1.1 Chemicals
All chemicals were used as received. A detailed list of chemicals used in this thesis is
shown in Table 2.1.
Table 2.1 List of chemicals required in experiment process.
Chemical Formula Purity & Supplier
Tetrabutyl titanate C16H36O4Ti 97%, Sigma-Aldrich
Aluminum nitrate nonahydrate Al(NO3)39H2O 98%, Sigma-Aldrich
Ammonium fluoride NH4F 99.99%, Sigma-Aldrich
Molybdenum(V) chloride MoCl5 99.99%, Sigma-Aldrich
Tin (foil) Sn 99.998%, Sigma-Aldrich
Sulfur S 99%, ---
Calcium carbide CaC2 97%, ---
Sodium perchlorate NaClO4 98−102%, Alfa Aesar
Carbon black C ≥ 99%, Alfa Aesar
Ethanol C2H5OH 99.8%, Sigma-Aldrich
Ammonia solution NH4OH 25%, Merck KGaA
Hydrochloric acid HCl 30%, Merck KGaA
N-methylpyrrolidone (NMP) C5H9NO Sigma-Aldrich
Polyvinylidene fluoride (PVDF) (C2H2F2)x- Average Mw ~ 534,000
Sigma-Aldrich
Sodium metal Na ≥ 99.8%, Sigma-Aldrich
Propylene carbonate (PC) C4H6O3 99.7%, Sigma-Aldrich
Ethylene carbonate (EC) C3H4O3 99%, Sigma-Aldrich
Fluoroethylene carbonate (FEC) C3H3FO3 99%, Sigma-Aldrich
37
2.1.2 Experimental instruments
The list of main instruments used in experiments is shown in Table 2.2.
Table 2.2 List of main instruments used in experiments.
2.2 Materials characterization
The structures of the samples were characterized by X-ray diffraction (XRD) using a
Rigaku SmartLab X-ray powder diffractometer with Cu Kα radiation at 40 kV and
150 mA. Raman spectra were tested on a Lab-RAM HR800 spectrometer with
excitation from an argon ion laser (632.81 nm). X-ray photoelectron spectroscopy
(XPS) was collected using a Kratos Axis Ultra DLD spectrometer with a
monochromatic Al Kα source (15 kV, 20 mA). Scanning electron microscopy (SEM)
images were obtained using a JEOL JEM 6490LA equipped with a cold field emission
gun, operating at 15 kV acceleration voltage. A transmission electron microscope
(TEM, JEOL JEM-2200FS), capable of high resolution TEM imaging with resolution
Instrument Model Supplier
Analytical balance Cubis, MSA324S Sartorius
Heating magnetic stirrer AREC.X VELP Scientifica
Ultrasonic bath USC600THD VWR
Muffle furnace LHT 01/17 D Nabertherm
Stainless steel autoclave 30 mL capacity ---
Disc cutter MSK-T-07 MTI Corp
Electric Crimper MSK-160E MTI Corp
Hydraulic Crimper MSK-110 MTI Corp
Glass oven B-585 BUCHI
Glove box UNILAB PRO MBRAUN
Battery cycling/testing system BCS-805 BioLogic
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of 0.09 Angstrom, high angle annular dark field (HAADF) scanning transmission
electron microscope (STEM) imaging, as well as energy dispersive X-ray
spectroscopy (EDS) analysis was used for investigating the sample morphology and
the detailed crystal structure and elemental distribution of single nanoparticle.
Nitrogen adsorption−desorption isotherms were acquired at –196 °C in a Quadrasorb
SI sorption analyzer with the samples being degassed at 300 °C for 3 h under a
vacuum in the degas port. The specific surface area was calculated with the
Brunauer–Emmett–Teller (BET) model, and the pore-size distribution was calculated
in accordance with the Barrett–Joyner–Halenda (BJH) method.
2.3 Electrochemical tests
2.3.1 Preparation of electrode
The working electrode was prepared by casting the thoroughly mixed slurry of active
material, carbon black, and PVDF (7:2:1 or 8:1:1 in a weight ratio) in NMP solvent
onto a copper foil disk (current collector，Ø = 15 mm), which was then dried at
120 °C for 12 h in a vacuum glass oven. The mass loading of active material was
around 1.2 mg cm−2 in each electrode.
2.3.2 Assembly of CR2032 coin-type half cell
Type 2032 coin-type half cells were assembled inside an Ar filled MBraun glovebox
with moisture and oxygen levels maintained below 0.1 ppm. In the Na half-cells used
for tests, a sodium metal disc was used as counter and reference electrode, 1.0 M of
NaClO4 in only PC or a mixture solvent of EC and PC (1:1 by volume) with or
without 5% FEC addition was used as electrolyte, and glass filter (Whatman) was
used as a separator. In the Li half-cells used for tests, a lithium metal disc was used as
the counter and reference electrode, and the electrolyte used was a solution of 1.0 M
LiPF6 in EC and dimethyl carbonate (DMC) (1:1 by volume).
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2.3.3 Test technologies of electrochemical performance
2.3.3.1 Galvanostatic charge-discharge test
To test the cycling performance of the assembled cells, galvanostatic charge-discharge
tests under different current densities were carried out on a Biologic BCS-805
multichannel battery cycling/testing system at room temperature.
2.3.3.2 Cyclic voltammetry
Cyclic voltammetry (CV) test of the cells was performed in the voltage range
0.01−2.5 V or 0.05−2.0 V (vs. Na+/Na) with a scan rate of 0.1 mV s−1.
2.3.3.3 Electrochemical impedance spectroscopy
Electrochemical impedance spectroscopy (EIS) of the cells before and after cycling
was performed in the frequency range from 10 kHz to 0.01 Hz with an AC voltage
amplitude of 5 mV. The obtained EIS was fitted by Zsimpwin software to obtain the
corresponding equivalent circuit.
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Chapter 3 Surface and interface engineering of
anatase TiO2 anode for sodium-ion batteries through
Al2O3 surface modification and wise electrolyte
selection
3.1 Introduction
TiO2, with the merits of low cost, environmental friendliness, intrinsic safety and
negligible volume variation, has been intensively explored as a promising anode
material for secondary batteries.1−5 Especially for NIBs,1−3 the most electrochemically
active polymorphs of TiO2 is considered to be anatase owing to its suitable Na+
diffusion pathways and abundance of sites for Na+ insertion. However, it still suffers
the shortcomings of low electronic and ionic conductivity.3 Therefore, these critical
issues have to be addressed before the practical application of TiO2 within NIBs can
become reality.
To date, various strategies have been proposed to improve the conductivity of
active materials. Nanostructuring and surface modification are, for instance, effective
solutions. In particular, active surface engineering achieved by downsizing the
particles dimension to the nanometer scale benefits the reduction of ionic migration
and electronic path length.6,7 Contemporary, it also results in the realization of
electrode materials with larger active surface area.1,3 With respect to the interface
engineering through surface modification, it has been suggested that the coating of
TiO2 with carbon materials could effectively separate it from the caustic electrolyte so
to suppress undesirable interfacial side reactions, alleviate the decomposition of
electrolytes, and enhance the electronic conductivity of the electrode.1,2,8−12 Besides
carbon materials, solid electrolytes, oxides and metal fluorides have been actively
employed for the surface modification of LIBs cathode and anode. Indeed, coatings
realized by employing these electrochemically less active non-carbon compounds do
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not simply effectively suppress any undesired interfacial side reaction but also
improve ionic conductivity, structural reversibility, and reliability of the electrode.
Furthermore, with respect to the common strategies used for carbon coating, it is more
feasible to realize uniform non-carbon coatings due to an easier thickness control.
Specific examples are Al2O3-coated LiCoO2,13−15 Al2O3-coated LiNi1/3Co1/3Mn1/3O2,16
Li2SiO3-coated Li1.13Ni0.30Mn0.57O2,17 AlF3-coated Li[Li0.19Ni0.16Co0.08Mn0.57]O2,18
Al2O3-coated Li4Ti5O1219,20 and silicon,21,22 while reports on adopting non-carbon
coating materials to modify NIBs positive or negative active materials are very scarce.
In particular, LIBs oriented electrode materials modified by Al2O3 coating using
various methods such as physical vapour deposition (PVD), vapour-assisted
hydrolysis technique, atomic layer deposition (ALD), radio frequency magnetron
sputtering method and sol-gel processing have showed enhanced capacity retention
and rate capability.13−16,19−22 The reason is generally explained by the improved
structural stability of the electrode, an effective surface protection capable of
preventing electrolyte side reactions, and improved electrode/electrolyte interface
properties owing to the formation of Li−Al−O solid solution phase coating
characterized by high Li+ ion conductivity. Similarly, when it comes to the study of
Al2O3 coating in emerging NIBs, in 2013 Han et al.23 investigated the effect of an
Al2O3 atomic layer deposition on the cycling performance of a hybrid anode of Sn
nanoparticles attached on carbon nanofibers (SnNPs@CNF). Their results revealed
that the ALD-Al2O3 coating (6 nm thick) remarkably boosted the cycling performance
of the Sn anode. This effect was attributed to the unique features of the Na−Al−O
layer, being it irreversibly formed after the reaction between the Al2O3 coating and
Na+, similarly to the lithiation process occurring with Al2O3. The in situ TEM study
confirmed the irreversible conversion from Al2O3 coating to Na−Al−O structure in the
first sodiation stage. The authors concluded that the Na−Al−O layer acts not only as
an ion transport channel for Na+ diffusion but also as a stretchable mechanical
protection layer to buffer the severe volume changes of Sn under charging/discharging
process. Jung et al.24 reported about sodiation and lithiation processes in Al2O3 using
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ab initio molecular dynamics simulations. Despite the larger radius for Na+ than Li+,
they found a much higher diffusivity for Na+ in NaxAl2O3 than for Li+ in LixAl2O3 due
to the weaker Na−O bond strength than the Li−O counterpart. These inspiring and
interesting studies convey a vision that in the emerging field of NIBs, surface
modification using Al2O3 coating could provide similar benefits as in the LIBs
counterpart.
Herein we merge anatase TiO2 nanostructuring and Al2O3 surface coating for the
first time by a facile two-step method in order to improve the electrochemical
performance of TiO2 anode for NIBs. The electrochemical tests show that Al2O3
coating of TiO2 improves the NIBs initial reversible capacity when an easy-to-prepare
electrolyte formed by 1.0 M of NaClO4 in PC is utilized, followed by a gradual
capacity decay upon cycling. The influence of different electrolytes (NaClO4 salt in
various solvents) on cycling performance was then investigated for the modified
sample in order to improve the cycling stability.
3.2 Experimental
Materials preparation
The two-step approach followed for the fabrication of Al2O3-modified TiO2
(named as m-TiO2 hereafter) nanoparticles starts from the synthesis of TiO2
nanoparticles through hydrolysis of tetrabutyl titanate (TBT). Briefly, a solution
containing 50 mL of ethanol and 0.1 mol of TBT was dropwise added into 10 mL of
deionized water under magnetic stirring at room temperature. The obtained white
precipitate was then dried at 110 oC for 6 h and subsequently calcined inside an oven
at 400 oC for 5 h in air to obtain pure TiO2 nanoparticles. In the second step, involving
surface modification, 0.3 g of the as-prepared pure TiO2 and 0.007 g of
Al(NO3)3  9H2O (with Al:Ti molar percentage of 1%) were mixed in 20 mL of
deionized water. The mixture solution was stirred under magnetic stirring for 2 h
followed by ultrasonication for 0.5 h. Afterward, the mixture solution was thoroughly
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dried at 110 oC for 12 h and then calcined in an oven at 400 oC for 5 h in air to obtain
the Al2O3-modified TiO2 product.
Materials characterization
The prepared powder samples were characterized by XRD, TEM, EDS, and XPS.
Details were introduced in Section 2.2.
Electrochemical tests
In the Na half-cell configuration, the used electrolyte was 1.0 M of NaClO4 in
only PC or a mixture solvent of EC and PC (1:1 by volume) with or without 5% FEC
addition. Galvanostatic charge-discharge test and EIS test were performed. Details
were introduced in Section 2.3.
3.3 Results and discussion
3.3.1 Structure, morphology, and composition characterization
Figure 3.1a depicts the XRD patterns of the as-prepared pure TiO2 and m-TiO2. The
two samples show similar XRD patterns with sharp and well-defined peaks
corresponding to the anatase TiO2 profile (JCPDS No. 21−1272). In fact, no other
impurity phases can be observed for m-TiO2, which indicates that the TiO2 structure is
not affected by the Al2O3 coating. In particular, during the heat treatment at 400 oC of
the as-prepared pure TiO2 mixed with Al(NO3)3 precursor (boiling point: 135 oC), the
latter component was decomposed into Al2O3 even though no associated peaks can be
clearly observed in Figure 3.1a, suggesting the amorphous nature of Al2O3 due to the
relatively low calcination temperature. The selection of the relatively low 400 oC
calcination temperature was to avoid the anatase-to-rutile transformation and the
progressive nanoparticles coalescence of TiO2 at higher temperatures. To compare the
chemical state and surface chemical composition of pure TiO2 and m-TiO2, XPS was
then performed. From the high resolution Ti 2p XPS spectra (Figure 3.1b), it is seen
that Al2O3 surface modification brings very limited change to the Ti 2p component,
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where for both samples the two Ti 2p3/2 and Ti 2p1/2 peaks are located at 458.8 and
464.5 eV, respectively. The positions and shapes of the Ti 2p peaks indicate that the
predominant state of the Ti element in TiO2, before and after Al2O3 surface
modification, is in fact Ti4+.25−27 On the other hand, the observed Al 2p peak at 74.5
eV (Figure 3.1c) correlates to and confirms the presence of amorphous Al2O3 in the
m-TiO2.28,29 This latter result, combined with the XRD analysis, indicates that
amorphous Al2O3 coating is formed on the surface of nanostructured anatase TiO2.
Figure 3.1 (a) XRD patterns of the as-prepared pure TiO2 and m-TiO2. (b) Ti 2p XPS
spectra of pure TiO2 and m-TiO2 and (c) Al 2p XPS spectrum of m-TiO2.
TEM images of pure TiO2 and m-TiO2 are compared in Figure 3.2a. The pure
TiO2 nanoparticles display a morphology of porous spherical aggregates with diameter
of about 50−80 nm composed of many nanosized primary crystallites (Figure 3.2a)
which is interestingly similar to the morphology of m-TiO2 (Figure 3.2c). The high
resolution TEM (HRTEM) images of pure TiO2 and m-TiO2 (Figure 3.2b and d,
respectively) clearly reveal the lattice fringes of well crystallized TiO2 nanocrystals
with an average diameter of 13 nm in an aggregate configuration (i.e., by employing
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the Scherrer equation on XRD shown in Figure 3.1a we obtained 13.2 nm for pure
TiO2 and 13.6 nm for m-TiO2). The interplanar spacing of 0.35 nm for both samples
corresponds to the (101) lattice planes of anatase TiO2. Notably, a thin layer of
amorphous material (less than 1 nm) can be observed in Figure 3.2d, which is
ascribed to Al2O3 based on the aforementioned XPS results. EDS mapping was also
performed to check the uniformity of the Al2O3 coating layer on the surface of
TiO2 particles (Figure 3.2e). The results highlight the uniform dispersion of Al, Ti,
and O elements in the Al2O3-modified TiO2 sample, indicative of the existence and
uniformity of Al2O3 coating. Based on the EDS analysis, the molar ratio of Al:Ti:O is
found to be approximately 0.4:43.2:56.4, giving an Al:Ti molar percentage of about
0.9%, which well agrees with the expected value of 1%.
Figure 3.2 TEM and high resolution TEM (HRTEM) images of (a, b) pure TiO2 and (c,
d) m-TiO2. (e) HAADF-STEM image of m-TiO2 and the corresponding EDS elemental
mappings of Al, Ti, and O.
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3.3.2 Electrochemical properties for sodium storage
Effect of Al2O3 surface coating
The electrochemical performance of the pure TiO2 and m-TiO2 products as
anodes for NIBs was first investigated using an easy-to-prepare electrolyte formed by
1.0 M of NaClO4 in PC. From the initial charge/discharge voltage curves at 0.1C
(1C= 335 mA g−1) shown in Figure 3.3, m-TiO2 with Al2O3 surface coating is found to
deliver higher charge/discharge capacities than pure TiO2. The large capacity loss
during the first cycle for both samples can be attributed to the irreversible initial
sodiation along with partial decomposition of TiO2, to the decomposition of the PC
solvent, and to the formation of solid electrolyte interface (SEI) layer as well as to
some side reactions occurring in the interfaces with the electrolytes.1,3,8−12,30 It should
be pointed out that, especially for m-TiO2, the Al2O3 surface coating can react, during
the initial sodiation process, with Na+ to form a Na−Al−O glass phase (see the
following discussion on the role of Al2O3), which is responsible for a large
irreversible capacity. On the other hand, owing to the beneficial sodium ion
conductivity of Na−Al−O, the Al2O3 coated sample can deliver larger reversible
(charge) capacity than pure TiO2, although the initial Coulombic efficiency is slightly
lower (as listed in Table 3.1). Moreover, both the voltage profiles of pure TiO2 and
m-TiO2 present the typical electrochemical characteristics of anatase TiO2, exhibiting a
discharging/charging voltage plateau at about 0.5/0.8 V during the
sodiation/desodiation processes .
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Figure 3.3 Galvanostatic charge-discharge voltage curves of the initial cycle for pure
TiO2 and m-TiO2 at the rate of 0.1C using 1.0 M of NaClO4 in PC as the electrolyte.
Table 3.1 Cycling properties of pure TiO2 and m-TiO2 at the rate of 0.1C using 1.0 M
of NaClO4 in PC as electrolyte.










pure TiO2 176.0 44.3% 95.0% 111.7
m-TiO2 216.6 42.2% 97.5% 131.4
The cycling performances at 0.1C of pure TiO2 and m-TiO2 based electrodes are
displayed in Figure 3.4. For pure TiO2 (Figure 3.4a), the capacity fades gradually
during the first 30 cycles to end with an obvious decline during the last 20 cycles. The
Coulombic efficiency rises quickly in the first few cycles to a high value of about
92% and sustains over this value throughout the following cycles. After implementing
Al2O3 surface modification (Figure 3.4b), the sample is found to deliver an improved
reversible capacity although a gradually fading trend could still be observed. The
Coulombic efficiency increases slowly from the second cycle but reaches a high value
around 98% after about 20 cycles and maintains an overall stability thereafter. The
average Coulombic efficiency calculated from the 20th cycle and the reversible
capacity after 50 cycles of both samples are also listed in Table 3.1. From these data it
is clear the beneficial effect of Al2O3 coating with m-TiO2 exhibiting improved
performance compared to pure TiO2 in terms of both achievable reversible capacity
and Coulombic efficiency.
To better understand the Na ion storage mechanism into TiO2 and the effect of
Al2O3 coating on the cell overall performance, differential capacity plots at various
cycles for pure TiO2 andm-TiO2 are reported. As shown in Figure 3.4c and d, the first
cycle profiles are each other similar. For both samples, the small cathodic peak at
around 0.75 V is due to the reductive electrolyte decomposition and irreversible
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formation of SEI layer wheras the obvious cathodic peak occurring at about 0.55 V
can be attributed to the reaction of Na+ insertion into TiO2 anatase lattice.1,3,8−12,30 The
large cathodic peak at lower voltage of 0.2 V which disappears in the following cycles
can be assigned to the decomposition of electrolyte at lower potentials, the partial
decomposition of TiO2 as well as some side reactions at the interfaces.1,12 The broad
anodic peak centered at about 0.8 V results from the reversible desodiation process in
TiO2 matrix. In addition, another pair of small cathodic/anodic peaks at about
0.03/0.09 V can also be observed, which are ascribed to the reversible sodium storage
in conductive carbon black.2,7
Notably, due to irreversible processes, the first cycle plot shows very different
features from the subsequent cycles. To start, the TiO2 sodiation peak located at about
0.55 V in the first cycle shifts towards higher potentials during the second cycle to
maintain the new voltage position for the remaining cycling process (about 0.63 V for
pure TiO2 and 0.70 V for m-TiO2), a behavior that can be explained through a
decreased overpotential for the reversible sodium-ion storage. Furthermore, for pure
TiO2 the anodic peak referring to the typical desodiation of anatase TiO2 is found not
to be stable as gradually shifts towards higher potentials upon cycling (indicated by
the black arrow) (Figure 3.4c), a different behavior from m-TiO2 where the peak is
stabilized at around 0.79 V for any considered cycle number (Figure 3.4d). In
particular, the voltage difference between the sodiation/desodiation peaks of TiO2 (∆V)
based on Ti3+/Ti4+ redox couple is higher for pure TiO2 than for m-TiO2 and keeps
increasing from the second cycle onward (see inset in Figure 3.4c). Vice versa, the ∆V
for m-TiO2 shows a stable behavior at a much lower potential set around 0.1 V after
the first cycle (see inset in Figure 3.4d). These results suggest that Al2O3 coating can
facilitate Na+ insertion/extraction and a better reversibility of m-TiO2 during cycling,3
which could well explain the higher reversible capacity of m-TiO2 shown in Figure
3.3 and Figure 3.4. Indeed, the surface coating of the electrochemically less active
Al2O3, in complement of the native SEI layer, can surpress the electrolyte
decomposition at lower potentials, namely acting as as an ‘artificial’ SEI layer.21,31,32
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According to the report of Han et al.23 we propose that this ‘artificial’ SEI layer
associated to Al2O3 is actually an irreversibly formed Na-Al-O glass film upon the first
sodiation. This mechanically durable Na−Al−O glass film with good ionic
conductivity could improve the electrode/electrolyte interface properties and the
structural stability of the active material upon repeated sodiation/desodiation
processes. Finally, no visible peaks related to the reaction between Al2O3 coating and
Na+ can be found in the first cycle from Figure 3.4d, possibly due to the overlapping
with other irreversible interface reactions at low potentials and/or because of the very
low amount of applied Al2O3.
Figure 3.4 (a, b) Cycling performances at the rate of 0.1C of (a) pure TiO2 and (b)
m-TiO2 using 1.0 M of NaClO4 in PC. (c, d) Differential capacity plots at different
cycles of (c) pure TiO2 and (d) m-TiO2 in the voltage range of 0.01−2.5 V vs. Na+/Na.
The insets in (c) and (d) are the corresponding voltage difference between the redox
peaks of TiO2 (∆V) vs. cycle number plot illustrating the change of ∆V upon cycling.
These results strongly suggest that surface engineering through the coating of
TiO2 by a thin Al2O3 layer is beneficial for Na+ diffusion kinetics hence for the
specific anode capacity. However, the m-TiO2 sample still displays a gradual capacity
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decay upon cycling when an easy-to-prepare electrolyte composed by 1.0 M of
NaClO4 in PC is utilized. Therefore, we have analyzed the influence of different
electrolytes (NaClO4 salt with different solvents) on the cycling performance with the
purpose of finding meaningful electrolyte formulation-TiO2 coating correlations
addressing the cycling stability.
Influence of different electrolytes
Figure 3.5 (a) Cycling performance and (b) Coulombic efficiency at 0.1C rate of
m-TiO2 in PC and EC:PC=1:1 based electrolyte. (c, d) Galvanostatic
charge-discharge voltage curves of different cycles for m-TiO2 at 0.1C rate in (c) PC
based and (d) EC:PC=1:1 based electrolyte. (e, f) EIS at different cycle numbers of
m-TiO2 at fully charged state with (e) PC based and (f) EC:PC=1:1 based electrolyte.
Enlarged views are shown in the insets.
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The first new solvent that was considered in order to go beyond the PC related
performance was realized by mixing EC:PC (1:1 by volume). In this new electrolytic
environment, and as shown in Figure 3.5a, m-TiO2 was found to exhibit far superior
cycling stability and reversible capacity with respect to the data shown in Figure 3.4b,
where simply PC is utilized. In particular, after 50 cycles, the reversible capacity in
the binary EC:PC solvent mixture reaches 188.1 mAh g−1, remarkably higher than the
previously obtained 131.4 mAh g−1 for only PC. Similarly, the Coulombic efficiency
in EC:PC is noticeably improved during the first 20 cycles (Figure 3.5b) with a first
cycle efficiency of 46.7% (42.2% for PC) and an average Coulombic efficiency of
98.7% (97.5% for PC) from the 20th cycle onward. Figure 3.5a highlights the severe
capacity fading in case of PC only configuration (0.73% per cycle) which is strongly
suppressed when the EC:PC mixture is used (0.06% per cycle). This strong PC-only
related capacity fading, together with a lower Coulombic efficiency, can be ascribed
to an unstable SEI formation, as similar results have already been reported on hard
carbon and anatase TiO2 anodes for NIBs.33,34
It has been suggested that by adding into the electrolyte a few percent of FEC,
one of the best-known and most studied molecule in LIBs and NIBs, could
significantly enhance the cycling performance of the electrodes owing to the
formation of a kinetically stable and highly ionically conductive fluorine-based SEI.
35−39 Hence, we further considered a mixture of 5% FEC in EC:PC, as shown in
Figure 3.6a. Interestingly, our results demonstrate that FEC does not improve the
performance of the cell compared with the FEC-free EC:PC configuration, on the
contrary a slightly lower reversible capacity than the FEC-free configuration of 186.8
mAh g−1 is obtained after 50 cycles. It is worth stressing that this result seems to
contradict a number of previous studies,35−39 as here FEC does not improve in any
way the performance of the TiO2-based anodes. Nonetheless, a study on anatase TiO2
for NIB anodes from Wu et al.33 also showed that the addition of FEC into a EC:PC
based electrolyte could slightly diminish the Coulombic efficiency and specific
capacity of the cell, while Ponrouch et al.40 found negative effects of FEC on hard
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carbon electrode for NIBs, i.e., a reduced first cycle efficiency and an increased
polarization, presumably resulting from a less conductive SEI. From the initial
charge-discharge voltage curve shown in Figure 3.6b we can see that when FEC is
considered, besides the discharge voltage plateau at about 0.5 V due to TiO2, another
distinct discharge plateau around 1.1 V emerges, which is likely due to the
decomposition of FEC.3,10 Furthermore, it is clear from our data that a large capacity
fading upon cycling is observed when only PC is employed (Figure 3.5c), whereas for
EC:PC based electrolyte (regardless the presence of FEC) a remarkable overlapping
among the profiles associated to different cycle numbers is noted (Figure 3.5d and
Figure 3.6b), indicating a stable electrochemical performance during the
charge/discharge process.
Figure 3.6 (a) Cycling performance and (b) galvanostatic charge-discharge voltage
curves of different cycles for m-TiO2 at 0.1C rate in EC:PC=1:1 based electrolyte
with 5% FEC addition.
To further improve our knowledge on the effect of different electrolytes on the
cycling performance of m-TiO2, fully charged state Electron Impedance Spectroscopy
(EIS) at different cycle numbers in only PC and EC:PC based electrolytes was
conducted. As depicted in Figure 3.5e and f, in the high frequency region the Nyquist
profiles show intercepts with the Z' axis which are related to the ohmic resistance (Rs)
of the electrolyte, separator and current collector. From the enlarged views shown in
the insets, we can notice a Rs reduction, regardless the cycle number, when moving
from PC to EC:PC. In particular, when all cycles from 1 to 50 are considered, a
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resistance in the range 10−15 Ω is found for PC, which reduces down to 6−10 Ω for
EC:PC. Furthermore, both cases share the common feature of a depressed semicircle
in the high-to-medium frequency region followed by an inclined line in the low
frequency region.41−44 Generally, these semicircles can be decomposed into two arcs
(as clearly visible for PC at 50 cycles) which correspond to the resistance for Na+
migration through the SEI film (RSEI) and the charge transfer resistance (Rct) at the
electrode/electrolyte interface, whereas the inclined line represents the Warburg
impedance (Zw) associated with sodium ions diffusion in the bulk of the electrode.44
From a quick reading of the figure, we can also clearly observe a much larger
semicircle and an obvious increasing trend of the resistance with cycling in PC when
compared with the EC:PC configuration. Specifically, an equivalent circuit (Figure
3.7) is proposed to fit the Nyquist plots. In this model, constant phase elements (CPE)
replace the pure capacitance (CPE1 and CPE2) and the Warburg component (ZW(CPE))
for a better fitting of the impedance data. The obtained values for the interface
resistance Rint = RSEI + Rct, calculated under different cycle numbers using the
equivalent circuit for m-TiO2 in different electrolytes, are summarized in Table 3.2.
The results clearly highlight two important aspects about Rint for PC only electrolyte: i)
It is sensibly larger than in EC:PC based electrolytes regardless the cycle number; ii)
It shows a significant increase upon cycling while no appreciable differences are
found for EC:PC based electrolyte. These observations suggest the formation of a
continuously growing (unstable) SEI layer for the PC only electrolyte whereas a
stable and conductive SEI is formed when EC:PC is employed, confirming the
superior capacity retention of the latter as shown in Figure 3.5a. The importance of
the electrolyte is confirmed also by the cycling behaviour of pure TiO2 at 0.1C in
EC:PC=1:1, as shown in Figure 3.8. Indeed, the plot exhibits improved cycling
stability, higher Coulombic efficiency (initial: 45.1%, average value from the 20th
cycle: 96.7%) and enhanced reversible capacity than when PC-only electrolyte is
considered (Figure 3.5a and Table 3.1). Furthermore, the figure again confirms the
importance of a proper coating, being the reversible capacity of pure TiO2 equals to
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162.5 mAh g−1 after 50 cycles, about 13.6% lower than the corresponding value
measured for m-TiO2.
Figure 3.7 Equivalent circuit model to fit the Nyquist plots.
Table 3.2 Rint under different cycle numbers obtained by fitting the experimental data
using the equivalent circuit for m-TiO2 in different solvents (with 1.0 M of NaClO4).
electrolyte
Rint (Ω)
1st cycle 5th cycle 10th cycle 20th cycle 50th cycle
1.0 M of NaClO4
in PC
208 467 803 997 1604
1.0 M of NaClO4 in
EC:PC=1:1
64 68 60 58 74
Figure 3.8 Cycling performance of pure TiO2 at the rate of 0.1C employing 1.0 M of
NaClO4 in EC:PC=1:1 as the electrolyte.
The above cycling performance together with EIS study demonstrate that the
formation of stable and conductive SEI film is of significant importance to make the
modified TiO2 fully play its potential in sodium-ion storage. In other words, besides
surface coating, the electrolyte section also plays a key role in the final performance
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of the electrode materials. Thus engineering the interface between the active materials
and the electrolyte should be considered a crucial aspect to address, possibly also
explaining the positive role of FEC additive especially in LIBs to limit the dramatic
volume variation upon cycling. In the present study, our results show that for TiO2,
where a negligible volume modification occurs, the binary FEC-free EC:PC based
electrolyte provides the best electrochemical performance.
Figure 3.9 Long-term cycling performance at 1C rate for 650 cycles (with the
electrode first activated at the low current of 0.1C for 5 cycles) of m-TiO2 and pure
TiO2 employing 1.0 M of NaClO4 in EC:PC=1:1 as electrolyte.
Figure 3.9 depicts the m-TiO2 electrochemical response when FEC-free EC:PC is
used as electrolyte with a cycling rate of 1C (with the electrode first activated at the
low current of 0.1C for 5 cycles). As shown in the figure, an excellent enduring
stability without evident capacity decay is achieved during the long-term cycling, and
finally, a high reversible capacity of 120.8 mAh g−1 is measured after 650 cycles at 1C
(red line). In contrast, a lower reversible capacity of 96.8 mAh g−1 is achieved after
650 cycles when pure TiO2 is considered (black line). The rate capability of m-TiO2
for C rates up to 5C was also evaluated, as illustrated in Figure 3.10. The charge
capacities are 187.9, 151.1, 133.4, 118.7, and 94.3 mAh g−1 at the rates of 0.1, 0.5, 1, 2
and 5C, respectively. Importantly, when the current was set back to 0.1C after 50
cycles, the capacity could rise back up to 193.8 mAh g−1, indicating an excellent
tolerance for a rapid Na+ insertion and extraction. In comparison, the charge
capacities of pure TiO2 at the corresponding rates are 176.9, 143.0, 126.8, 111.0, and
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86.5 mAh g−1, respectively. It is noticed that despite the Al2O3 layer, which has been
demonstrated to introduce benefits in terms of achieved specific capacity, the rate
capabilities of TiO2 crystals are not negatively affected by a potentially resistive
contribute.
Figure 3.10 Rate performances (charge capacities) of pure TiO2 and m-TiO2 at rates
from 0.1 to 5C employing 1.0 M of NaClO4 in EC:PC=1:1 as the electrolyte.
Discussion on the role of Al2O3 surface coating
Based on previous reports,23 the enhanced electrochemical performances of
m-TiO2 compared to pure TiO2 can be ascribed to the Na−Al−O surface layer
irreversibly formed from the reaction between the Al2O3 coating and Na+ during the
first sodiation stage. To tentatively confirm the formation of Na−Al−O surface layer,
post-mortem XPS analysis on m-TiO2 electrode was performed (Figure 3.11). After
running for one cycle, we found a shift towards high binding energy of the Al 2p peak,
reaching a value around 75.4 eV, which can be related to the formation of Na–Al–O
glass phase during the initial sodiation process.21 After five cycles, the peak position
of Al 2p almost remains unchanged, implying an irreversible conversion from Al2O3
to Na−Al−O glass phase and a remarkable stability of Na−Al−O surface layer upon
cycling. This mechanically durable layer is beneficial for the structural stability of the
active materials upon cycling. However, the specific composition of the formed
Na−Al−O layer is currently not known as it will be matter of future investigation.
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Figure 3.11 High resolution XPS spectra of Al 2p taken on m-TiO2 before cycling,
after 1 cycle and after 5 cycles at the rate of 0.1C .
Figure 3.12 (a) EIS of m-TiO2 and pure TiO2 after 50 cycles at the rate of 0.1C
employing the optimized electrolyte formed by 1.0 M of NaClO4 in EC:PC=1:1. The
inset is the enlarged view of the high frequency region. (b) Relationship between Z'
and ω−1/2 in the low frequency region obtained from the EIS curves.
Finally, to better reveal the key role of Al2O3 surface coating in enhancing the
reversible capacity and Coulombic efficiency of TiO2, EIS of coated and uncoated
samples after 50 cycles was conducted, as displayed in Figure 3.12a. The employed
electrolyte is 1.0 M of NaClO4 in EC:PC=1:1 without FEC additive. From the inset it
is observed that the depressed semicircles for the two samples are very similar to each
other, and the diameter associated to m-TiO2 is only slightly larger than the
corresponding diameter for pure TiO2, which is explained through the introduction of
a small amount of insulating layer (Al2O3 surface coating).13,15,19 Indeed, the interface
resistance Rint obtained using the equivalent circuit depicted in Figure 3.7 is about 69
Ω for pure TiO2 and 74 Ω for m-TiO2 after 50 cycles. Furthermore, considering that
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the irreversibly formed Na–Al–O glass phase after the first cycle was reported to have
high diffusivity for Na+,23,24 we compared the Na+ diffusion kinetics associated
Warburg impedance in the TiO2 electrodes with and without Al2O3 coating. The
Warburg impedance can be extrapolated from the liner contribution of EIS in the low
frequency region. From the Z' vs. ω−1/2 plots of pure TiO2 and m-TiO2 shown in Figure
3.12b, the obtained Warburg factor σ (determined by the slope of the line) is 135.6 for
m-TiO2 and 508.7 for pure TiO2, where smaller Warburg impedance means faster Na+
diffusion. This result supports the thesis that irreversibly formed Na–Al–O glass
phase acts as an ion transport channel and improves Na ions diffusion into the TiO2
nanoparticles, thus delivering a higher reversible capacity and Coulombic efficiency.
3.4 Conclusions
Nanostructured anatase TiO2 with Al2O3 surface coating has been successfully
prepared by a facile two-step approach and investigated for the first time as anode for
NIBs. This modified TiO2 electrode exhibits enhanced cycling performance compared
to the pristine one owing to the irreversible formation of Na−Al−O surface layer after
sodiation which was confirmed by post-mortem XPS analysis. The study on the
influence of different solvents on the electrode cycling performance revealed that the
binary EC:PC solvent mixture could lead to an excellent cyclability with no need of
the commonly used FEC additive. In particular, under the best configuration, the
Al2O3-modified nanostructured anatase TiO2 could deliver a reversible capacity as
high as 188.1 mAh g−1 at 0.1C after 50 cycles, good rate capability up to 5C, and
long-term cycling performance for 650 cycles at a high rate of 1C. This improved
electrochemical performance makes nanostructured Al2O3-modified anatase TiO2 a
promising anode for cost-effective NIBs, and it suggests the importance of a proper
surface and interface engineering. Indeed, the present study does not stress only on
the importance of the morphological characteristics of engineered TiO2 and
Al2O3-modified surface, but also bounds its benefits to the boundary conditions such
as the employed electrolytic solutions. This correlation is believed to be essential in
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future design of composite anode materials for NIBs, where electrolytes stability,
improved electronic and ionic transport and material integrity upon cycling can be
achieved by proper functionalization of the active material surfaces.
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Chapter 4 Towards enhanced sodium storage of
anatase TiO2 via a dual-modification approach of Mo
doping combined with AlF3 coating
4.1 Introduction
Downsizing TiO2 to nanoscale, one typical solution, has been shown to be an effective
strategy to prompt the capability for sodium storage thanks to the facilitated sodium
diffusion resulting from the shortened transport pathways. It has also been
demonstrated that the electrochemical performance of nanostructured TiO2 materials
could be remarkably enhanced especially at high charge/discharge current densities
after doping with heteroatoms (e.g. Nb, Co, Mo, Fe, Sn, N, S, B, and F)1−9 and/or
compositing with high conductive materials (e.g. amorphous carbon, carbon
nanotubes, carbon dots, graphene, and TiN).10−17 Among the latter two approaches
aiming at the amelioration of electron transfer, the doping method is more direct and
appealing as it improves the low electronic conductivity and sodium diffusion kinetics
of TiO2, owing to the introduced structural defects. Nevertheless, it should be noted
that the thermal stability of heteroatom doped TiO2 might be declined by introducing
heterogeneous defects of impurity.18 The coating on the surface of cathode materials
to improve the electrochemical performance as well as the thermal stability with metal
fluoride (AlF3) has been reported in LIBs.19,20 It was suggested that AlF3 coating could
protect the cathode particles from direct contact with the electrolyte solution and
reduce solid electrolyte interfacial side reactions. In light of the role of AlF3 coating in
LIBs and the fact that the study on dual modification of TiO2 anode for NIBs is
seldom reported to date, it is meaningful to explore the effects of AlF3 coating on the
sodium storage performance of TiO2 doped with heteroatom.
In this chapter, we have investigated the effect of (i) Mo doping and (ii) dual
modification of Mo doping combined with AlF3 coating on the sodium storage
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performance of anatase TiO2. The Mo-doped anatase TiO2 nanoparticles with uniform
particle size were synthesized by a simple co-precipitation method firstly and then
uniform AlF3 layers were coated onto the Mo-doped anatase TiO2 surface using a
modified solid-state method. The electrochemical test results showed that the
dually-modified TiO2 sample could display significantly enhanced sodium storage
performance compared with the pristine and single Mo-doped TiO2, which can be
attributed to the integrated beneficial effects of Mo doping and AlF3 coating.
4.2 Experimental
Materials preparation
Mo-doped TiO2 was synthesized by a simple co-precipitation method. In a
typical procedure, 0.1366 g of MoCl5 was dissolved in 15 mL of deionized water
under magnetic stirring at room temperature. Later, a mixed solution containing 50
mL of ethanol and 3.4 mL of tetrabutyl titanate (TBT) was dropwise added into the
MoCl5 water solution under magnetic stirring followed by the addition of 2 mL
ammonia solution (25wt%). The resulting precipitate mixture (with Mo/Ti molar
percentage of 5%) was stirred vigorously for another 2 h before thoroughly drying at
110 oC for 12 h. Finally, the dried mixture was calcined in a furnace at 500 oC for 5 h
in air to produce Mo-doped anatase TiO2 nanoparticles (named as MTO hereafter).
Bare TiO2 was also prepared for comparison though the same process without adding
MoCl5 and denoted as TO.
To achieve AlF3 coating on the surfaces of the as-prepared MTO particles, a
modified solid-state method was used. Briefly, MTO powders and a certain amount of
Al(NO3)3 9H2O were mixed in deionized water by stirring, and then NH4F aqueous
solution was slowly added into the turbid liquid. The suspended mixture was
constantly stirred at 80 oC until the solvent was completely evaporated. The obtained
powders were then heated at 400 oC for 5 h to obtain AlF3-coated MTO, which was
assigned to MTO@AlF3 (1wt% AlF3 was adopted here).
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Materials characterization
The prepared powder samples were characterized by XRD, Raman, TEM, EDS,
and XPS. Details were introduced in Section 2.2.
Electrochemical tests
1.0 M of NaClO4 in EC:PC=1:1 was used as electrolyte. Galvanostatic
charge-discharge test, CV test, and EIS test were performed. Details were introduced
in Section 2.3.
4.3 Results and discussion
4.3.1 Structure, morphology, and composition characterization
The crystal structures of the as-prepared TO and MTO were characterized by XRD,
and patterns are shown in Figure 4.1a. For both samples, all the diffraction peaks can
be indexed to the planes of anatase phase TiO2 (JCPDS: 21-1272). Especially, for
MTO, no additional peaks related to MoO3 are detected. The diffusion of Mo into the
TiO2 lattice can be confirmed by the slight peak shift of the (101) and (200)
reflections toward lower angles, as depicted in the insets of Figure 4.1a. From the
calculated lattice constants shown in Table 4.1, it is noticed that the lattice parameters
of MTO are slightly increased compared with those of TO. The minor increase in the
lattice parameters along the a- and c- axes of MTO is in accordance with the above
mentioned peak shift and can be ascribed to the fact that Mo6+ has successfully
incorporated into the TiO2 framework as the ionic radius of Mo6+ (0.062 nm) is
slightly larger than that of Ti4+ (0.0605 nm).4,21 In addition, by applying the Scherrer
formula to the (101) peaks the average crystallite sizes of TO and MTO are estimated
to be 18.3 and 15.9 nm, respectively. The XRD results show that Mo-doping could
trigger lattice expansion and inhibit the crystal growth of TiO2, in agreement with the
previous reports on Mo6+-doped TiO2 synthesized by other methods including sol-gel
method,4 hydrothermal process,21 and solvothermal method.22 It has also been
demonstrated,4,21,22 that these doping effects of Mo may have improved the
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electrochemical performance of TiO2 thanks to enlarged diffusion pathways and
enhanced conductivity.
Figure 4.1 (a) XRD patterns of the as-prepared TO and MTO. The insets are the
magnified view of peak (101) and (200). (b) Raman spectra for the TO and MTO
samples.
Table 4.1 Calculated lattice parameters a, c and the cell volume (V) of the
as-prepared TO and MTO samples.
Raman spectra of TO and MTO are displayed in Figure 4.1b, from which five
vibrational peaks at 143, 195, 395, 518, and 637 cm−1 for both samples can be
identified, which are in good agreement with the typical bands of anatase TiO2.23
Moreover, no shift near 143 cm−1 (Eg) can be observed before and after Mo doping
within the detect resolution of the apparatus. This implies that the crystal structure of
anatase TiO2 remains unchanged after the doping process,4 consisting well with the
above XRD results.
To investigate the chemical composition and state of TO and MTO, XPS analysis
was performed and the spectra calibrated using the C 1s peak at 284.8 eV are
exhibited in Figure 4.2. From the survey scan of XPS (Figure 4.2a), the peaks of Ti, O,
and C can be seen for TO, while for MTO signal of Mo can also be detected with
Sample TO MTO
a (Å) 3.7844 3.7916
c (Å) 9.5494 9.5617
V (Å3) 136.76 137.46
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obvious peaks located at around 230 and 400 eV, confirming the presence of Mo in
MTO sample. The detailed information on the chemical state of Mo ion of MTO is
clarified by the Mo 3d core level XPS spectrum (Figure 4.2b) showing two major
peaks at 232.6 and 235.7 eV, which are attributed to Mo 3d5/2 and Mo 3d3/2,
respectively. The Mo 3d core level spectrum of MTO confirms the Mo6+ oxidation
state and thus the successful Mo doping in MTO.4,21 From the Ti 2p core level XPS
spectra (Figure 4.2c), it is seen that Mo-doping brings very limited change to the Ti 2p
component, where for both TO and MTO the Ti 2p3/2 and Ti 2p1/2 peaks are located at
458.7 and 464.4 eV, respectively, with a gap of 5.7 eV, suggesting that Ti atoms exist
mainly in the form of Ti4+ oxidation state in both TO and MTO samples.
Figure 4.2 XPS spectra of TO and MTO: (a) wide survey, (b) Mo 3d, and (c) Ti 2p.
TEM was employed to analyze the morphologies of TO and MTO, as shown in
Figure 4.3a and b, respectively. Both samples are composed of nanoparticles with
visible agglomeration, however, TO reveals a non-uniform particle size distribution
with individual size ranging from about 15 to 60 nm while MTO exhibits better
homogeneousness in individual particle size of around 10−20 nm. Clearly, the Mo
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doping could suppress TiO2 grain aggregation and growth, which is beneficial to the
sodiation. As mentioned before, we further coated AlF3 onto the MTO surface by a
modified solid-state method. The TEM image of the obtained MTO@AlF3 sample is
displayed in Figure 4.3c. It is observed that after AlF3 coating, the morphology of
MTO@AlF3 retains the same as MTO but shows even less agglomeration. From the
high resolution TEM (HRTEM) image of MTO@AlF3 (Figure 4.3d), the TiO2 grain is
well crystallized with visible lattice fringes and its surface is coated with a very thin
layer of AlF3 (less than 1 nm, as denoted by arrows). The plane spacing of the TiO2
nanoparticle (HRTEM image depicted in Figure 4.3e) is measured to be 0.36 nm,
which corresponds to the (101) planes of anatase TiO2. However, it is slightly
increased relative to the standard d-spacing of (101) planes (0.35 nm) of anatase TiO2,
owing to the Mo doping into the lattice of anatase TiO2. The corresponding fast
Fourier transformation (FFT) displayed in Figure 4.3f shows that the reflection spots
corresponding to the (011) planes are elongated (as marked by yellow circle). The
reason causing this may be related to the existence of thin AlF3 layer on the surface of
TiO2 crystal (as shown by the yellow dashed line surrounded area in Figure 4.3e).
Therefore, the FFT result from another point of view implies that the TiO2 surface
indeed involves the ultrathin AlF3 layer.
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Figure 4.3 TEM images of (a) TO, (b) MTO, and (c) MTO@AlF3. (d, e) HRTEM
images and (f) FFT image of image (e) of MTO@AlF3.
EDS mapping was also performed to characterize the dually-modified sample of
MTO@AlF3, as shown in Figure 4.4. The elemental maps highlight the uniform
dispersion of Ti, O, Mo elements in the materials, indicative of the Mo doping in TiO2.
The elemental maps also reveal the existence and uniformity of AlF3 coating on the
TiO2 particle surfaces which have been achieved by the facile two-step route. Based
on the EDS analysis, the molar ratio of Mo:Ti is found to be approximately 1.97:32.56,
giving a Mo/Ti molar percentage of about 6%, which is close to the designed value of
5%. It is also noted that the signal of F element (Figure 4.4f) is relatively weak
compared to that of Al element (Figure 4.4e) when considering the stoichiometric
ratio of F:Al is 3:1 for AlF3. This is due to loss of fluorine species induced by a
well-documented electron stimulated desorption process occurring under high-energy
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electron irradiation in TEM.24,25 The TEM and EDS results confirm the existence of
AlF3 coating layer on the surface of Mo-doped TiO2 particles. In addition, from the
XRD pattern of MTO@AlF3 (Figure 4.5) it is seen that surface modification by AlF3
does not change the crystal structure of the pristine material (MTO, Figure 4.1a).
Figure 4.4 (a) HAADF-STEM image of MTO@AlF3 and the corresponding EDS
elemental mappings of (b) Ti, (c) O, (d) Mo, (e) Al, and (f) F.
Figure 4.5 XRD pattern of the MTO@AlF3 sample (with AlF3 content of 1wt%).
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4.3.2 Electrochemical properties for sodium storage
Figure 4.6 (a) First galvanostatic charge-discharge voltage curves at 0.1C between
0.01 and 2.5 V, (b) differential capacity (dQ/dV) vs. voltage plots reproduced from the
first cycle charge-discharge curves at 0.1C (inset is the partial enlarged view), (c)
cycling performance and Coulombic efficiency at 0.1C, and (d) rate capability at
different current rates from 0.1C to 10C of TO, MTO, and MTO@AlF3. (e)
Charge-discharge profiles (of the fifth cycle) at various rates up to 10C of
MTO@AlF3. (f) EIS of TO, MTO, and MTO@AlF3 before cycling. The insets in (f) are
the enlarged view and the corresponding equivalent circuit.
Figure 4.6a depicts the first galvanostatic charge-discharge voltage curves of the
pristine and modified TiO2 samples at 0.1 C (1C= 335 mA g−1) between 0.01 and 2.5 V.
TO delivers a discharge capacity of 270 mAh g−1 and charge capacity of 105 mAh g−1
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at the first cycle with a Coulombic efficiency of 38.9%. In contrast, the first
discharge/charge capacities are much higher of 577.4/227.7 mAh g−1 for MTO and
750.8/292.5 mAh g−1 for MTO@AlF3, though both samples show a similar initial
Coulombic efficiency (39.4% and 39.0%, respectively). Generally speaking, the
irreversible capacity at the first cycle could be mainly ascribed to the irreversible
insertion of Na+ into TiO2, to the decomposition of electrolyte, and to the formation of
solid electrolyte interface (SEI) as well as to some other side reactions occur at the
interfaces according to the previous reports.4,8,11 Obviously, the TiO2 sample of MTO
which is modified by Mo doping displays much higher reversible capacity than that of
bare TiO2, and after coating MTO by AlF3, the reversible capacity is further enhanced.
Furthermore, it is noted that both MTO and MTO@AlF3 display an obvious discharge
plateau at about 0.25 V while is invisible for TO. The difference might be related to
the easier and more Na+ insertion into TiO2 resulted from Mo doping, thus
contributing to the larger first cycle discharge and charge capacities for MTO and
MTO@AlF3. The subsequent charge/discharge curves (2nd cycle, Figure 4.7a) feature
a sloping profile and an average working voltage of about 0.8 V, which differs from
the first discharge, indicating that an irreversible structural change occurs during the
plateau region.
The differential capacity (dQ/dV) vs. voltage plots for the first cycle of the three
samples were reproduced from the discharge/charge profiles, as provided in Figure
4.6b. During the discharge (sodiation) process, all the samples present a small
cathodic peak around 0.55 V (indicated by black asterisk, it is more clear from the
inset), which might be associated with the initial reaction of Na+ insertion into anatase
TiO2 lattice and the resulting structural rearrangement and also with the formation of
SEI layer,26,27 though it is still not completely clarified. Upon further sodiation, for
MTO and MTO@AlF3, a stronger and evident cathodic peak at about 0.25 V
(indicated by red asterisk) is observed and can be basically assigned to the irreversible
phase transition,26−28 in consistent with the obvious voltage plateau around 0.25 V in
the first discharge process. However, for TO, the cathodic peak corresponding to the
72
irreversible phase transition occurs mainly at the voltage below 0.2 V and the peak
intensity is relatively lower than those for MTO and MTO@AlF3. During the charge
(desodiation) process, a broad anodic peak at about 0.8 V which corresponds to the
typical Na+ de-insertion from the sodiated NaxTiO2 phase can be seen for all the three
samples. Upon cycling, the intense cathodic peak below 0.3 V caused by the
irreversible phase transition disappears and a pair of cathodic/anodic peaks at 0.75/0.8
V based on the reversible Ti4+/Ti3+ redox couple can be detected (Figure 4.7b).
Moreover, it appears noteworthy that the intensity of the cathodic/anodic peaks for
MTO and especially MTO@AlF3 are higher than that for TO, which suggests the high
electrochemical reaction activity of TiO2 due to the improved kinetics after Mo doping
and AlF3 coating.
Figure 4.7 (a) Galvanostatic charge-discharge voltage curves for the 2nd cycle at
0.1C between 0.01 and 2.5 V, (b) the corresponding differential capacity (dQ/dV) vs.
voltage plots of TO, MTO, and MTO@AlF3.
Cycling performance of TO, MTO, and MTO@AlF3 at 0.1 C are obtained and
compared, as shown in Figure 4.6c. Obviously, the modified samples display higher
capacity upon cycling thought it decays in the initial few cycles. The Coulombic
efficiency of the three samples for the first cycle is lower than 40% but it rises
significantly to value about 90% in the 7th cycle, and reaches a high value above 98%
from the 25th cycle and maintains an overall stability thereafter. After 50 cycles,
MTO could deliver a charge (reversible) capacity of 139.8 mAh g−1, which is higher
than that of TO (100.7 mAh g−1). A much higher reversible capacity of 178.9 mAh g−1
can be achieved after 50 cycles for MTO@AlF3 after dual modification. Besides,
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MTO@AlF3 also exhibits superior rate capabilities (Figure 4.6d) with the reversible
capacity of 141 mAh g−1 at 1 C and 98.4 mAh g−1 at a high rate of 5 C. MTO exhibits
reversible capacities of 118.5 mAh g−1 and 81.6 mAh g−1 at 1 C and 5 C, respectively.
In contrast, TO delivers a much lower reversible capacity of 61.9 mAh g−1 at 1 C and
only 22 mAh g−1 at 5 C. These results indicate that the sodium storage performance of
TO could be improved by Mo doping and further enhanced via dual modification of
Mo doping combined with AlF3 coating. Figure 4.6e displays the charge/discharge
profiles of MTO@AlF3 at various rates, from which it can be seen that increasing the
current density results in a decrease in the capacity due to the increased polarization,
however, even at a very high rate of 10 C charge/discharge plateaus can be observed
and it could still deliver a reversible capacity of 74.7 mAh g−1, revealing an excellent
rate capability of MTO@AlF3.
It has been reported that Mo doping could improve the electronic and ionic
conductivities of TiO2,4,21,22 hence the enhanced sodium storage performance shown
above. To understand the role of Mo doping, EIS of TO, MTO, and MTO@AlF3
before cycling were collected (Figure 4.6f). All the Nyquist plots display similar
shapes (clear from the enlarged view) showing an intercept at the Z′ axis at high
frequency which indicates the ohmic resistance (Rs), a depressed semicircle in the
high-to-medium frequency region which corresponds to the charge transfer resistance
(Rct), and an inclined line in the low-frequency region which stands for the Warburg
impedance (Zw) related to the solid-state Na+ diffusion in the bulk of the electrode.4,26
The impedance spectra could be fitted well based on a proposed equivalent circuit
model (inset in Figure 4.6f), where constant phase elements (CPE) replace the pure
capacitance and the Warburg component for a better fitting of the impedance data. All
the samples show similar Rs, but the Mo-doped samples show much lower Rct (10.5 Ω
for MTO, 13.4 Ω for MTO@AlF3) than that of TO (21 Ω), indicating the effectively
improved electronic conductivity of TiO2 due to Mo doping. Noted that the Rct value
for MTO@AlF3 is slightly increased compared to MTO because of the insulating
characteristic of AlF3 coating,25 nevertheless, it is still obvious lower than that of TO.
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The Na+ diffusion coefficient D (cm2 s−1) can be calculated from the inclined lines in
the Warburg region by using the following equation:
D = R2T2/2A2n4F4C2σ2
where R, T, A, n, F, C, and σ is the gas constant, the absolute temperature, the surface
area of the electrode (1.76 cm2), the number of electrons transferred per molecule
during the reaction, the Faraday constant (96485 C mol−1), the concentration of Na+
(10−3 mol cm−3), and the Warburg factor, respectively. The value of σ (154.9 for TO,
109.2 for MTO, 111.7 for MTO@AlF3) can be obtained from the slop of the line
Z′‒ω−1/2 (not shown here). The Na+ diffusion coefficient D is calculated to be 1.54 ×
10−11 cm2 s−1 for MTO, 1.47 × 10−11 cm2 s−1 for MTO@AlF3, which are both about
two times higher than that for TO (7.63 × 10−12 cm2 s−1), indicating that the Mo doping
could also facilitate Na+ diffusion in TiO2. In addition, it is found that the potentially
resistive thin AlF3 coating only brings imperceptible effect on the Na+ diffusion which
can be neglected.
Figure 4.8 (a) CV curves at a scan rate of 0.1 mV s−1 in the voltage range of 0.01−2.5
V (vs. Na+/Na) and (b) EIS of MTO and MTO@AlF3 after 50 cycles at the rate of 0.1C.
The inset in (b) is the corresponding equivalent circuit.
To better reveal the role of AlF3 coating in enhancing the sodium storage
performance of MTO, CV tests at a scan rate of 0.1 mV s−1 in the voltage range of
0.01−2.5 V (vs. Na+/Na) for MTO and MTO@AlF3 after 50 cycles at the rate of 0.1 C
were performed. From the CV curves shown in Figure 4.8a, it is seen that both
samples display a pair of vigorous and broad redox peaks centered at about 0.7/0.8 V
corresponding to the sodium insertion/de-insertion of TiO2, which is in line with the
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discharge/charge curves and dQ/dV plots after the first cycle (Figure 4.7),
demonstrating the high electrochemical reaction activity and reversibility of TiO2 after
the irreversible phase transition occurs in the first discharge process. However, some
differences between MTO and MTO@AlF3 are still noted: (i) the voltage difference
between the redox peaks (∆V) is 0.2 V for MTO while 0.14 for MTO@AlF3; (ii) the
peak current of MTO@AlF3 is much higher than that of MTO. These obvious
differences reveal the positive effects of AlF3 coating to improve the electrochemical
reactivity, to lower polarization, and to ensure good reversibility of TiO2 in cycling.
Furthermore, the EIS of the two samples after 50 cycles was also conducted, as
displayed in Figure 4.8b. The so-called depressed semicircles are composed of a
blurry arc related to the impedance from the formed SEI (RSEI) and a second arc
associated with the impedance of the charge transfer (Rct). Obviously, the diameter of
the semicircle of MTO@AlF3 is smaller than that of MTO, which indicates a smaller
interface resistance (Rint = RSEI + Rct) of MTO@AlF3, confirming that AlF3 surface
coating could effectively reduce the solid electrolyte interfacial resistance and
enhance the electrochemical reactivity at the surface/interface region. According to
the proposed equivalent circuit model (inset in Figure 4.8b), the fitted Rint value is
102.8 Ω for MTO and 70.6 Ω for MTO@AlF3. Based on the above CV and EIS
results the AlF3 coating indeed plays an important role in enhancing the sodium
storage performance of MTO. Thus, combined with the beneficial effects of Mo
doping, the dually modified TiO2 sample could exhibit significantly enhanced sodium
storage performance comparing with the pristine and single Mo-doped TiO2. The
content of AlF3 in the AlF3-coated MTO sample should be taken into consideration: in
this work a moderate content like 1wt% was adopted, when 3wt% was used the dually
modified TiO2 sample displays much inferior performance with a reversible capacity
of only 99 mAh g−1 after 50 cycles at 0.1 C (Figure 4.9).
The capacity fading in the first few cycles and low initial Coulombic efficiency
(Figure 4.6c) are issues need to be improved in future studies. The possible solutions
might be from the optimization in electrolytes and binder which are also important
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factors that could have impacts on the electrochemical performance of the TiO2
electrode in Na-ion cells.
Figure 4.9 Cycling performance of 3wt%-AlF3 coated MTO sample at 0.1C.
4.4 Conclusions
Mo-doped anatase TiO2 was successfully synthesized via a simple co-precipitation
method. Further modification by AlF3 coating was achieved by solid-state method.
When utilized as anode materials for NIBs, the single Mo-doped TiO2 exhibits better
sodium storage performance than the pristine one, which can be mainly attributed to
the improved electronic/ionic conductivity resulted from Mo doping. Especially,
through a dual-modification strategy of Mo doping combined with AlF3 coating, the
electrochemical performance of TiO2 can be further enhanced owing to the positive
impacts of AlF3 surface coating of effectively reduced solid electrolyte interfacial
resistance, enhanced electrochemical reactivity at the surface/interface region, and
lower polarization during cycling. The remarkable performance achieved (a high
reversible capacity of 178.9 mAh g−1 at 0.1 C after 50 cycles and excellent rate
capabilities up to 10 C) using a cost-effective fabrication approach render the
dually-modified anatase TiO2 a promising anode material for high-performance NIBs.
Moreover, the study in this work suggests that AlF3 coating is effective to enhance the
sodium storage capability and the dual-modification approach is indeed more
desirable compared to the single one to design advanced NIBs electrode materials.
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Chapter 5 Na-ion diffusivity and mechanical
instability in Sn anodes
5.1 Introduction
NIBs are being considered as replacements for LIBs especially for stationary
applications, where the high volumetric and gravimetric energy density of the energy
source is not as important as in the automotive and electronic sectors. Stable anodes,
however, have not been developed to date, and there exist few candidates, namely Sn,
Sb, P, and treated forms of carbon. Among these materials, Sn provides a very
promising theoretical capacity of 847 mAh g−1 upon the formation of Na15Sn4.1 This
capacity, however, cannot be retained during continuous cycling. For example, in the
case of microscale Sn particles, a 67% irreversible capacity loss occurs during the first
discharge cycle,2 which has been associated with the 420% volume expansion that
occurs upon the formation of Na-Sn alloys. Aiming at mitigating this phenomenon,
focus has been given on the fabrication of nanoscale Sn as deformation and fracture
are less severe at this scale. In this regard, different kinds of nanostructures, including
Sn/C nanocomposites2−11 and M−Sn intermetallics (M = Cu, Ni, Fe),12−15 have been
investigated, however, a capacity over 500 mAh g−1 for at least 100 cycles was rarely
reported. The few exceptions are Sn nanofiber anodes, which gave a charge capacity
of 776 mAh g−1 at a rate of 0.1 C after 100 cycles,8 and Sn nanodots encapsulated in
porous nitrogen-doped carbon nanofibers (Sn NDs@PNC) which allowed for a
reversible capacity of 511 mAh g−1 at 2000 mA g−1 for over 500 cycles.11
Of particular interest is the case of Sn/C “ pomegranate-like ” nanostructured
anodes,4 which gave an initial charge capacity of 503.6 mAh g−1, with a capacity
decay over 50% after 100 cycles, when cycled against Na. The same anodes allowed
for a 88.5% capacity retention (627.9 mAh g−1) for 1500 cycles when cycled against
Li. This comparison suggests that, although Sn also experiences a volume expansion
upon lithiation (~ 300%), there exist significant differences in the response of Sn
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between the insertion of Li-ions vs. Na-ions. This is further supported by studies
which examine the effects of Li-ion and Na-ion insertion into microstructures. For
example, in the case of Li-insertion, the Sn particle size in porous electrodes must be
below 50 nm to avoid fracture during electrochemical cycling,16 however, in situ TEM
indicated that for the case of Na-ion insertion, Sn particles that were even ~ 100 nm in
diameter did not show any kind of fracture.1 An ex situ study performed for porous
electrodes, which employed Sn/C nanocomposites as the active material, also
concluded that after twenty cycles against Na-metal, the Sn particles did not
experience fracture.2 The authors attributed this to the small Sn crystal size, which
was measured with XRD to be ~ 90 nm.2 More recent experiments using in situ hard
X-ray nanotomography on Sn porous anodes illustrated fractures in micron-sized Sn
particles but could not detect cracks in Sn particles that were below 500 nm.17
The aforementioned differences between sodiation and lithiation of Sn can be
interpreted by considering the mechanical behaviour of Na-Sn vs. Li-Sn. First
principle calculations have shown that the moduli of Sn decrease upon the formation
of both Na- and Li- rich alloys.18,19 Despite this consistent softening in elastic
constants the type of fracture (brittle vs. ductile) is approximated by examining the
ratio of the bulk modulus with the shear modulus (B/G). Larger values of B/G indicate
a more brittle-like behaviour, and based on the density functional calculations it was
reported that Li-Sn alloys are more brittle than Na-Sn alloys.18,19 Furthermore,
examination of the phase diagrams for Li−Sn20 and Na−Sn21 reveals that the melting
points of Na−Sn compounds are substantially lower than the Li−Sn analogues.
Therefore, based on the above considerations, a ductile response may be more active
upon sodiation of Sn than during its lithiation.
The purpose of the present work is hence to reveal the damage mechanisms that
occur during sodiation/desodiation of Sn anodes. To do so a 0.5 mm thick planar Sn
sheet is employed as the anode, since theoretical models and experiments have shown
that planar geometries are more prone to mechanical instabilities during ion-insertion.
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22−25 In addition, this configuration allows to dispense with binder and carbon
additives required in the fabrication of porous electrodes, and captures directly the
response of Sn to sodiation. Furthermore, the planar geometry will experience a
relatively simple state of stress produced by the one-dimensional gradient in
concentration, which allows for a relatively simple estimation of the diffusion
coefficient of Na-ions in Sn. Finally, it should be emphasized that the resulting
capacities for the examined anodes are significantly low because of the planar
geometry of the electrode which is a non-issue in the present work given the objective
was to unveil the mechanical damage in Sn and not present a competitive anode for
NIBs.
5.2 Experimental
Materials and Electrochemical tests
Sn foil (0.5 mm thick) with a purity of 99.998% was purchased from
Sigma-Aldrich. The Sn foil was placed in the MBraun glovebox filled with Ar and
was sectioned into 10×10 mm squares, which were used as the active electrodes
directly without using Al or Cu foil as the current collector. CR2032 coin-type Na−Sn
half cells were assembled in the glovebox. The electrolyte solution used was 1.0 M
NaClO4 in PC. Galvanostatic charge-discharge test and CV test were conducted over
the voltage range of 0.05−2.0 V (vs. Na+/Na). EIS was also performed.
Materials characterization
SEM images of the Sn electrode were obtained before and after 5 cycles. The Na
−Sn half-cell was disassembled in the Ar-filled glovebox and the Sn electrode was
washed with PC and then dried at 70 oC for 3 h to perform SEM after cycling. It was
then placed in a vial and transferred to the SEM chamber.
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5.3 Results and discussion
5.3.1 Electrochemical properties for sodium storage
Figure 5.1a shows the initial galvanostatic discharge curve at current of 200 μA and
800 μA. For both currents, the Sn electrode exhibits a long sloping plateau below 0.2
V, which can be ascribed to a series of Na-Sn alloying reactions and finally to the
formation of Na15Sn4 upon complete sodiation. It should be noted that the capacity
measurements are not per gram as the aim of this study is to probe the deformation
mechanisms that occur during the sodiation/desodiation, not the anode performance.
The discharge capacity at the current of 200 μA is much larger than that of 800 μA,
demonstrating that a deeper sodiation process occurred in the Sn electrode at a
relatively low current. Figure 5.1b depicts the galvanostatic charge-disharge curves at
the current of 800 μA for five cycles. In the charge profiles, the Sn electrode exhibits
two distinct potential plateaus at around 0.32 and 0.57 V, which are characteristic of
stepwise dealloying of Na15Sn4. The large irreversible capacity loss occurring during
the first cycle, is associated with the formation of the solid electrolyte interface (SEI)
layer as well as to the degradation that Sn experiences due to Na-insertion; this will be
further elaborated with SEM images in the next section. The Na−Sn half-cell was also
tested under different currents from 800 to 2400 μA, as shown in Figure 5.1c. It can
be seen that increasing the current resulted in a decrease in the capacity of the Sn
electrode, due to the increased polarization. The long sloping discharge plateau below
0.2 V is observed even at a high current of 2000 μA, however, only a short slope
without an obvious plateau is seen when the cell was discharged−charged at a higher
current of 2400 μA.
Previous studies suggest that during the sodiation process of Sn, four
distinguishable plateaus form in a galvanostatic electrochemical profile,
corresponding to four different phases.26−31 However, for each plateau, with the
exception of Na15Sn4, there are significant debates about the mechanisms giving rise
to the alloy formation and their composition and no conclusive results have been
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reached yet. In this respect, it is very meaningful to investigate Sn anode foil for
sodium batteries.
Figure 5.1 Electrochemical tests of the Na−Sn half cells. (a) Initial galvanostatic
discharge curves at the current of 200 μA and 800 μA; (b) Galvanostatic
charge-discharge curves at the current of 800 μA for 5 cycles; (c) Galvanostatic
charge-discharge curves at different currents from 800 to 2400 μA.
The electrochemical reactivity of pure Sn was also evaluated by CV, as depicted
in Figure 5.2a. During the first cathodic sweep, there is a small reduction peak at 0.2
V and then an intense cathodic current appears at potentials below 0.18 V,
corresponding to the Na−Sn alloying process and the formation of highly sodiated
phases, i.e. Na9Sn4 and Na15Sn4. Furthermore, a cathodic peak at a high potential of
1.1 V during subsequent cathodic scans with increasing intensity and potential shifts
can be ascribed to the electrolyte decomposition or SEI layer formation. Similar
observations have been reported for Sn thick foil and electrodeposited Sn thin-film
electrodes for LIBs32−34 and indicate that the electrolyte reduction processes were not
suppressed by the surface film formed on the Sn-foil electrode. The above
characteristics of the CV curves can be interpreted by the volume changes that occur
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during the Na+ insertion and de-insertion in the Sn, and will be discussed in the next
section where SEM images illustrate the surface morphology throughout cycling. In
the anodic scans, three well-defined anodic peaks can be identified at about 0.27, 0.62
and 0.69 V, corresponding to desodiation from Na15Sn4, NaSn and NaSn5, respectively.
These desodiation potentials are in good agreement with the calculated and
experimental results of Sn anodes reported previously.6,35,36 However, it should be
noted that precise comparison with data in the literature cannot be performed as Sn
thick sheets electrodes have not been cycled before.
Figure 5.2 (a) CV profiles of the first four cycles at the scan rate of 0.1 mV s−1 in the
range of 0.05−2.0 V vs. Na+/Na; (b) EIS of the Na−Sn half-cell before and after the
CV test for four cycles.
Finally, EIS of the Na-Sn half-cell before and after the CV test was also
performed to study the detailed reaction kinetics. As shown in Figure 5.2b, the
Nyquist plots exhibit one depressed semicircle in the high−medium frequency region
followed by a sloping line in the low frequency region. The depressed semicircle at
high frequencies is associated with two overlapped interface impedances i.e., SEI film
and charge transfer impedance (RSEI and Rct, respectively), while the inclined line
corresponds to the sodium diffusion within the bulk of the electrode material.9 The Sn
electrode shows a much larger semicircle after four CV cycles, indicating an increase
in the interface resistance. The SEI formation observed was more pronounced (and
thick) in this anode than in “porous” anodes studied previously.
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5.3.2 Morphological degradation of Sn during sodiation
Ex situ SEM images were taken before and after cycling of the Sn to interpret the
capacity fade observed in the galvanostatic charge-discharge cycling of Sn foil. From
Figure 5.3a and b, it can be seen that fresh Sn foil is composed of many coarse grains
and the surface is relatively flat with some tiny grooves. In Figure 5.3c and d the Sn
surface that was in contact with the electrolyte is shown after 5 cycles. A severe
mechanical deformation is exhibited, which can be distinguished into two types: (i)
Dry lake-bed fracture, close to Si and SiSn films during lithiation/delithiation,24,25
which took place throughout the anode; (ii) Sn whiskers (as indicated by
representative red arrows) and fine particles formed on the Sn electrode (Figure 5.3d).
Figure 5.3 SEM images of surface morphology of the Sn electrode. (a, b) Sn surface
before cycling. (c, d) Sn surface in contact with the electrolyte after 5 cycles,
indicating crack formation. The red arrows in (d) indicate the whisker formation on
the fractured particles.
To verify that the whiskers were composed of Sn, electron dispersive
spectroscopy (EDS) was performed on numerous whiskers as those depicted in Figure
5.3d. A representative EDS spectrum on a whisker is shown in Figure 5.4 illustrating
that Sn was the dominant element present, while Na, C and O were also present at a
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low concentration, since electrochemical cycling had taken place.
Figure 5.4 EDS spectrum on a whisker that is depicted in Figure 5.3d.
Whisker formation has not been observed for micro and nanoscale Sn particles in
porous electrodes,1,2,16,17 however, it most likely occurred here since the
mechanically-induced stresses caused by Na+ insertion/de-insertion, were accentuated
due to the small surface area and large thickness of the Sn anode foil. Although
whisker formation has not been observed for Sn films during sodiation, there has been
one example reporting it for 500 nm Sn films cycled against Li-metal.37 However, the
authors of that study37 did not performed EDS measurements to verify that those were
Sn whiskers and not fibers from the separator. Whisker formation as a damage
mechanism in Sn induces the concern that they could penetrate through the separator
and short-circuit the electrochemical cell. Further studies must therefore be performed,
examining whisker formation, for porous Sn-based anodes for NIBs.
To better capture the damage evolution within the Sn foil due to
Na-insertion/extraction, focused ion beam (FIB) was employed to cut a cross section
of the surface shown in Figure 5.3d so as to take a side view, depicted in Figure 5.5.
The darker region on the top of Figure 5.5a is the SEI layer, while the lighter shaded
area is the Sn. Figure 5.5a and b reveal that a characteristic effect of Na-insertion is
pore formation as both large and small pores were observed throughout the cross
section. The larger pores were closer to the SEI layer – up to a depth of 3 μm, whereas
the smaller pores formed deeper into the Sn. This can be due to the fact that sodiation,
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and hence volume expansions, were more pronounced on the upper surface of the Sn
where Na+ insertion occurred. No pores were observed after a critical depth of
approximately ~ 8–10 μm. Figure 5.5c depicts an EDS spectrum taken from the
darker grey region of Figure 5.5a verifying it is SEI as it is comprised by Na, C, and
O, in addition to a small amount of Sn. Figure 5.5d is a representative EDS spectrum
from inside the pores within the Sn, suggesting that Na is present, as well as traces of
O and C. Not all Na-ions could not be fully deinserted.
Figure 5.5 Cross section view obtained with FIB of the Sn surface in contact with the
electrolyte. (a) SEI layer appears as dark grey. Micropores are present in the Sn, some
of which are indicated by arrows. (b) Magnification of red square from (a). Multiple
nanopores are present some of which are indicated with arrows. The maximum
distance at which these pores were observed was ~ 8–10 μm beneath the interface
with the SEI. (c) Representative EDS spectrum from SEI layer of (a). (d)
Representative EDS spectrum from within the pores in the Sn.
The severe damage mechanisms and thick SEI layer observed in the Sn foil
anode are responsible for the high capacity loss observed in the first cycle shown in
Figure 5.1b, as well as the increase in resistance in the impedance measurements of
Figure 5.2b. Furthermore, the SEI layer was not stable enough to buffer the ~ 420%
volume changes of Sn upon further cycling. Therefore, continuous cycling resulted in
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fracture of the SEI, exposing fresh Sn surface to the electrolyte, which resulted in
additional SEI to form. Hence, a thick SEI layer developed.32−34
The pore formation observed here has not been referenced before in respect to
sodiation of Sn. However, a closer examination (through magnification) of the SEM
images presented in a previous study of Sn microparticles after cycling with respect to
Na,2 does indeed reveal the formation of nanopores on the surface of Sn particles
which was not noted by the authors. Hence, pore formation does exist at the nanoscale
level, but it is less pronounced and has not been highlighted prior to this study.
5.3.3 Na+ diffusion coefficient calculation
As no experimental values exist for the diffusion coefficient D of Na+ in Sn (DNa), an
estimate of DNa is given herein by analysing the CV response run at different scan
rates. The CV curves at varied scan rates are presented in Figure 5.6, from which it is
interestingly found that with increasing the scan rate from 0.05 to 0.25 mV s−1 the
intensity of the anodic peak at 0.62 (Peak 1) decreases slowly while the intensity of
the peak at 0.69 V (Peak 2) increases slowly. Both of these two peaks exhibit a
gradual shift of the peak position toward a higher potential due to the increased
polarization as the scan rate increased. It is also noted that the cathodic peak at 1.1 V,
corresponding to electrolyte decomposition or SEI formation, became more
pronounced with a shift to a potential close to 1 V when increasing the scan rate to
values larger than 0.15 mV s−1, confirming again the changes in the electrode surface
morphology as well as the instability of the SEI. The above changes in the peaks
observed in CV can be attributed to the severe damage mechanisms discussed before.
Moreover, the decrease in intensity of Peak 1 and the increase in intensity of Peak 2
upon increasing the scan rate may be related to different properties of various NaSnx
phases, although the exact reason is presently unknown. From the above CV results it
is also evident that the sodiation and desodiation reactions in the present Sn foil anode
are diffusion controlled.
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Figure 5.6 CV profiles at different scan rates in the range of 0.05−2.0 V vs. Na+/Na.
An estimate of DNa was obtained from the CV response run at 0.1 mV s−1 of the
anodic peak at 0.62 V (as shown in Fiure 5.2a) using the Randles-Sevick equation38:
ip = 0.4463 nFAC(nFvD/RT)1/2 = (2.69×105)n3/2AD1/2Cv1/2
where ip is the peak current (A), n is the number of electrons transferred (which is one
for Na), F is Faraday constant (96485 C mol−1), A is the electrode surface area (here
the geometric area of the electrode is 1.0 cm2), C is the bulk concentration of Na in
the Sn electrode (0.06 mol cm−3), v is the potential scan rate (V s−1), D is the diffusion
coefficient of Na+ (cm2 s−1), R is the gas constant (8.314 J mol−1 K−1), and T is the
absolute temperature (298.15 K). The DNa was calculated as 6.45×10−12 cm2 s−1.
The time it takes for the Na-ions to diffuse out of the Sn was calculated by
measuring the time required to desodiate the Sn foil during the charge process at the
fourth cycle in the CV. This time was t = 6566.4 s. By using this time and the
diffusion coefficient (6.45×10−12 cm2 s−1) in the Einstein approximation equation: t =
X2/(2D), it was found the distance X was 2.97 μm. This means that assuming the
sodiation process is completely reversible the maximum depth of the Na-ions
penetration into the Sn foil anode is ~ 3 μm. This is consistent with the maximum
depth in the Sn sheet that we observe the large pore formation induced by
Na-insertion/extraction in Figure 5.5a.
However, Na-ion insertion was not fully reversible, and some Na-ions remained
in the Sn after each cycle, as the EDS spectra revealed. Hence during each
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charge-discharge process the Na-ions that remained in the Sn penetrated further into
the Sn, beyond the 3 μ m limit. As fewer Na-ions take part into the irreversible
reaction they induced less damage, indicated by nanopores, up to depths of ~ 8–10 μ
m into the Sn surface, as seen in Figure 5.5a. It can therefore be said that the
calculated value of the diffusion coefficient correctly predicts the Na-ion penetration
into the Sn.
Even though an experimental value of DNa in Sn has not been reported in
literature previously, experimental studies have measured the diffusion coefficient of
Li+ (DLi) in Sn thin films to be in the range between 10 − 16 and 10 − 14 cm2 s − 1.39
Furthermore, a more recent atomistic study concluded that DLi < DNa,30 hence the
value obtained herein of DNa = 6.45×10 − 12 cm2 s − 1 is consistent with existing
aforementioned results reported in literature.
5.4 Conclusions
This study revealed three main damage mechanisms resulting from the sodiation of Sn
foil: dry lake-bed fracture, pore formation and whisker nucleation. This is a unique
result, as no other studies have reported the formation of pores and whiskers during
sodiation. As the geometry of the present anodes was planar, and the thickness of the
Sn film in the mm scale, the damaging effects of sodiation were significantly
pronounced. The Sn whiskers can penetrate the separator and short-circuit the
electrochemical cell, thus may be a safety concern for NIBs and should be further
examined in porous electrodes that use Sn as the active material. Nanopore formation
has not been highlighted before as a damage mechanism during sodiation and may
explain the capacity fade observed in nanostructured Sn particles in porous electrodes
that do not display fracture. Furthermore, the planar geometry of the present Sn
anodes allowed a first estimate to be obtained for the diffusion coefficient of Na+ in
Sn as 6.45×10−12 cm2 s−1.
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Chapter 6 Facile synthesis of highly graphitized
carbon via reaction of CaC2 with sulfur and its
application for lithium and sodium ion batteries
6.1 Introduction
Designing and preparing new carbon materials has long been of interest in the field of
materials science and engineering. Various carbon materials with unique structures
and morphology have been found to be useful for a variety of applications owing to
their outstanding chemical and physical properties.1−3 Extracting metals or metalloids
from carbides using halogens, supercritical water, selective oxidation or vacuum
decomposition has been demonstrated to be effective for synthesizing large family of
carbon materials ranging from amorphous carbon to graphite, carbon nanotubes and
graphene, and thus-obtained carbon is termed as carbide-derived carbon (CDC).2,4
The CDC structures have found numerous applications especially in lithium-ion
batteries (LIBs), supercapacitors (SCs), gas storage, catalysis, biomedical engineering,
tribology and as membranes.2 Particularly, porous CDC obtained by chlorination has
been widely studied for SCs application because of the high specific surface area and
tunable pore size with a narrow size distribution.5−10 For example, Kou et al.5
prepared Mo2C-derived chlorine-doped ordered mesoporous carbon with few-layered
graphene walls and investigated its performance as electrode material for SCs and
LIBs. The Cl-doped porous CDC showed promising potential for electrochemical
energy storage with a high charge capacity of 733 mAh g−1 at the current rate of 0.5 A
g−1 after 100 cycles and a high specific capacitance of 250 F g−1 at 0.5 A g−1 in 1 M
H2SO4 solution. However, most of the available reports on CDC exploit their potential
in SCs owing to the high specific surface area while few studies are related to the use
of CDC in LIBs.2−4
Among various metal carbides, calcium carbide (CaC2) is a commercially
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available alkaline earth metal carbide with low cost and serves as an ideal alkynyl
source for synthesizing carbon materials. Besides chlorine treatment of CaC2 to
produce CDC,11−13 various other methods have been proposed including
thermo-reaction of CaC2 using reactants like halogenated hydrocarbon,14,15 oxalic
acid,16AlCl36H2O,17 CuCl22H2O,18MgCl2,19NaCl,20 and CO221 and electrochemistry
technique through anodic oxidation of CaC2 dissolved in a LiCl–KCl–CaCl2 melt.22
The CaC2-derived carbon nano-onions18 and carbon nanosheets21 have also been
studied for LIBs application, which displayed a good cyclic performance with a
reversible capacity of 391 mAh g−1 after 60 cycles at 37.2 mA g−1 and a high capacity
of 494 mAh g−1 after 200 cycles at 100 mA g−1 as well as a good rate performance.
These investigations demonstrate the potential of CaC2-derived graphitized carbon
(GC) as anode candidates for rechargeable LIBs. In this respect, we consider of
significant importance to develop new, efficient and low cost techniques to fabricate
carbon materials starting from CaC2 as carbon source.
In this work we report, for the first time, a new one-step approach to prepare
highly graphitized carbon (HGC) from CaC2 by the thermo-reaction with sulfur at
550 °C. The structure and morphology of the CaC2-derived HGC were characterized
in detail by various techniques, and the electrochemical performance was investigated
for application in rechargeable LIBs and further for sodium-ion batteries (NIBs).
6.2 Experimental
Materials preparation
In a typical procedure, the raw materials of 3.2 g chemically pure sublimated
sulfur and 6.4 g industrial CaC2 powder (corresponding to a molar ratio of 1:1) were
mixed and put into a stainless steel autoclave of 30 mL in capacity. As a reactor, the
tightly sealed autoclave was heated in an electric oven to 550 °C and maintained for 5
h. When the autoclave was naturally cooled to ambient temperature, the solid product
in the autoclave was collected and washed consecutively with dilute hydrochloric acid
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and deionized water until all soluble materials were removed. After drying at 100 °C
for 12 h in an oven, black powder was ultimately obtained.
Materials characterization
The prepared powder sample was characterized by XRD, SEM, EDS, Raman,
TEM, XPS, and Nitrogen adsorption−desorption isotherms. Details were introduced
in Section 2.2.
Electrochemical tests
In the Li half-cells used for tests, the electrolyte was 1.0 M LiPF6 in
EC:DMC=1:1. In the Na half-cells used for tests, the electrolyte was 1.0 M of NaClO4
in EC:PC=1:1. Galvanostatic charge-discharge tests at varied current densities in the
voltage range from 0.01 to 1.5 V (vs. Li+/Li or Na+/Na) were performed. Details were
introduced in Section 2.3.
6.3 Results and discussion
6.3.1 Structure, morphology, and composition characterization
The carbon formation achieved by selectively etching calcium from CaC2 using sulfur
can be expressed as: CaC2 + S = CaS + 2C. The Gibbs free energy of the reaction at
550 °C is ΔrGΘm = −374.5 kJ mol−1, suggesting the occurring of a spontaneous reaction.
Furthermore, the enthalpy evaluation returns a strong negative value of ΔrHΘm = −433.2
kJ mol−1, implying that the reaction of CaC2 with sulfur is thermodynamically
advantageous. Indeed, owing to this negative enthalpy value, the reaction will tend to
release heat which will facilitate the proper completion of the reaction itself. At the
end of the reaction the final carbon product can be easily retrieved by removing the
CaS byproduct through washing with dilute hydrochloric acid and deionized water.
The XRD pattern of the resulting product is shown in Figure 6.1a. The sharp
diffraction peak around 2θ = 26.4° is attributable to the (002) reflection of hexagonal
graphite (JCPDS no. 41-1487), confirming the formation of carbon with high
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graphitization degree. Calculated by the Bragg’s law, the interplanar spacing of (002)
reflection is 0.337 nm, which is similar to graphite. The weak reflections at 42.3, 44.4
and 54.5° result from the (100), (101) and (004) planes of hexagonal graphite,
respectively, whereas the two remaining diffraction peaks around 35° and 60° are
ascribed to SiC (JCPDS no. 49-1428) which cannot be removed by acid washing.
Figure 6.1 (a) XRD pattern, (b) Raman spectrum, (c) high-resolution XPS spectrum of
C 1s, and (d) N2 adsorption−desorption isotherms of the resulting product obtained
by the reaction of CaC2 and sulfur at 550 °C for 5 h. The inset in (d) is the pore-size
distribution.
The structure of the as-prepared carbon was identified by Raman spectroscopy
(Figure 6.1b). The peak at about 1380 cm−1 (D-band) is associated with the defects
and disordered structures of carbonaceous solids, while the peak around 1600 cm−1
(G-band) is ascribed to the stretching modes of C–C bond of typical graphite.14−16 The
intensity of the G-band (IG) is much higher than D-band (ID) with an IG/ID value of 3.2,
suggesting that the as-prepared carbon is of high graphitization degree,14,21 consistent
with the XRD result.
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The structure of the highly graphitized carbon (HGC) was further investigated by
XPS (Figure 6.1c). High-resolution XPS spectrum of C 1s is deconvoluted into four
peaks centered at 284.8, 285.5, 286.5 and 288.9 eV, attributed to sp2-C, sp3-C, C–S
and C=O, respectively.5,15,21−23 The predominant sp2-C peak is indicative of the high
graphitization degree of the carbon product. The presence of the C−S peak
demonstrates slight S-doping in the carbon. The bonding information between carbon
and sulfur is further revealed in the high-resolution S 2p spectrum (Figure 6.2), where
the two peaks centered at 164.2 (S 2p3/2) and 165.4 eV (S 2p1/2) with an intensity ratio
of 2:1 and binding energy difference of 1.2 eV correspond to spin-orbital splitting of
thiophene-like sulfur incorporated into graphite.24 The sulfur doping is preferential in
polarizing electron pairs, improving the graphitization degree of carbon and
introducing redox reactions due to the large size and high chemical activity.24 As
evidenced both theoretically and experimentally,24−26 heteroatom doping could
improve the electrical properties and chemical activity of carbon, thus is favorable for
energy storage capability.
Figure 6.2 High-resolution S 2p XPS spectrum of the as-prepared HGC product.
In addition, the specific surface area of HGC was evaluated by N2
adsorption−desorption isotherms (Figure 6.1d). The product exhibits typical IVa
isotherms with an H3 type hysteresis loop at a relative pressure of 0.4−1.0, indicative
of the presence of meso- and macro-pores in the carbon framework.27,28 The specific
surface area and pore volume are 159.5 m2 g−1 and 0.34 cm3 g−1, respectively. From
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the pore-size distribution curve (the inset in Figure 6.1d), the mesopores are primarily
21 and 39 nm in size and the macropores are larger than 50 nm. These pores, formed
during the removal of CaS from the reaction product, are conducive to improving the
electrolyte permeability, increasing the electrode/electrolyte contact interface and
facilitating Li-ion transportation.29,30
Figure 6.3 (a, b) SEM images, (c) Low-magnification TEM and (d) HRTEM images of
the HGC. The inset in (a) is the high-magnification SEM image of carbon framework,
and that in inset in (c) is the corresponding SAED pattern.
SEM and TEM were employed to examine the morphology and microstructure
of the HGC. From the SEM image (Figure 6.3a), the product consists mainly of 3D
fluffy carbon of about 4–20 µm in size with uneven surface, which is in fact
composed of thin carbon sheets with a lateral size of about 1–10 μm (Figure 6.3b).
From the high-magnification SEM image in the inset of Figure 6.3a, the carbon
framework displays layered structure with plentiful mesopores. According to the EDS
spectrum of HGC (Figure 6.4b), the carbon content accounts for about 86.26 wt%
(91.76% in atomic percent) and the S-doping content is about 5.80 wt% (2.31% in
atomic percent). The other elements of O (7.05 wt%), Si (0.12 wt%) and Ca (0.77
wt%) stem from the strong adsorption of CO2 and H2O on the porous HGC and the
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impurities in CaC2. The elemental mappings for C and S (Figure 6.4a) indicate the
uniform distribution of sulfur throughout the product, further confirming the S-doping
in the HGC. The TEM image of the carbon sheets and the corresponding SAED
pattern are shown in Figure 6.3c, while the distinct diffraction rings in the inset
confirm the high graphitization of carbon. From the HRTEM image of single carbon
sheet (Figure 6.3d), the planar spacing is about 0.34 nm, matching well with graphite.
Moreover, some disordered carbon could also be observed on the surface of the
graphitized nanosheet. As a consequence, the HGC including 3D frameworks and 2D
nanosheets reveals long-range ordered rearrangement of carbon atoms occurring
during the selective thermo-chemical etching of CaC2 by sulfur.
Figure 6.4 (a) SEM image together with the corresponding EDS elemental mappings,
and (b) EDS spectrum of the HGC.
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6.3.2 Electrochemical properties for lithium storage
Starting from the aforementioned electro-optical characterizations, we argue that the
obtained HGC characterized by high graphitization degree, mesoporous structure,
high surface area and slight S-doping might indeed endow with good electrochemical
lithium storage performance as LIBs anode. The assembled LIBs were discharged and
charged galvanostatically in a narrow voltage range of 0.01–1.5 V (vs. Li+/Li) instead
of the widely used 0.01 V to 2.5 V or even 3 V as we were aiming for realistic
applications. For the first discharge profile (Figure 6.5), three plateaus at about 1.7,
0.75, and 0.1 V can be observed, which are due to the reaction of chemically bonded
sulfur with Li+,23,31 electrolyte decomposition and formation of a solid electrolyte
interface (SEI) film on the surface of active materials,21,26 and to the insertion of Li+
into graphitic layers,21,32 respectively. Upon the subsequent charge process, a plateau
at around 0.1 and a sloped curve above 0.3 V are observed, delivering a charge
(reversible) capacity of 296.9 mAh g−1 at the current density of 50 mA g−1 when the
charge cut-off potential is set at 1.5 V. Meanwhile, a large initial irreversible capacity
loss could be observed, a common feature for carbon-based materials which can
generally be assigned to the formation of a SEI layer. To be noticed that due to the
choice of adopting a narrow voltage range, the reaction during the first cycle between
chemically bonded sulfur with Li+ determines a strongly irreversible reaction, which
in turn partially contributes to the cell capacity loss. After the first cycle the capacity
becomes stable showing also a highly reversible process, as evidenced by the
overlapped charge/discharge curves shown in Figure 6.6a. Even though the reversible
capacity of HGC as anode for LIBs is considerably lower than those of previously
reported carbon-based materials5,18,21,32 due to the narrow voltage range adopted in
this work, the HGC exhibits excellent cycling stability (Figure 6.6b). The initial
Coulombic efficiency (CE) is relatively low of 33.5% in comparison to standard
graphite anodes, which can be attributed to the relatively large surface area of
mesoporous HGC as well as to the existence of disorders in the structures.21 The CE
of the second cycle increases dramatically to 87% and further to more than 95% after
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5 cycles. After 100 cycles at the current density of 50 mA g−1 the reversible capacity
of HGC is 273.5 mAh g−1with a CE close to 99.5%.
Figure 6.5 The initial galvanostatic charge-discharge voltage profiles at the current
density of 50 mA g−1 for the HGC electrode when applied to LIBs.
Figure 6.6 Electrochemical performances of HGC electrode for LIBs. (a)
Galvanostatic charge-discharge voltage profiles for selected cycles at the current
density of 50 mA g−1, (b) cycling performance and CE at 50 mA g−1, (c) rate
performance at various current densities, and (d) cycle performance and CE at the
high current density of 500 mA g−1. Cut-off potentials: 0.01 and 1.5 V.
In order to investigate the possibility of applying HGC to high power LIBs, its
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rate performance was evaluated at elevated current densities up to 1600 mA g−1. As
shown in Figure 6.6c, the HGC displays an excellent rate capability with reversible
capacities of 276.6, 262.3, 236.6, 188, 158.5, and 137.8 mAh g−1 at 50, 100, 200, 400,
800, and 1600 mA g−1, respectively. Importantly, when the current density was
changed back to the initial 50 mA g−1, the corresponding capacity was recovered
almost entirely by settling to a value equal to 272.4 mAh g−1, very similar to the initial
276.6 mAh g−1. This reversible capacity capability demonstrates that the HGC
electrode is characterized by a robust electrochemical structure resulting in a good
stability even after high rate cycling. Furthermore, a 500 cycles long cycle analysis of
HGC at the high current density of 500 mA g−1 was also conducted, as depicted in
Figure 6.6d. The HGC showed good cycling stability for over 500 cycles with a
reversible capacity of 214.2 mAh g−1. The average CE after the first cycle was about
99.6%.
6.3.3 Electrochemical properties for sodium storage
Figure 6.7 The initial galvanostatic charge-discharge voltage profiles at the current
density of 50 mA g−1 for the HGC electrode when applied to NIBs.
Besides the possibility of employing HGC within LIBs, their effectiveness was also
tentatively investigated within sodium-storage systems as the emerging SIBs
technology is known to carry the prominent advantage of cost effectiveness even
though at expense of electrochemical performance.33 The galvanostatic
charge-discharge profiles are illustrated in Figure 6.7. Here a long discharge plateau at
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about 0.5 V (vs. Na+/Na) is observed in the first cycle due to the decomposition of
electrolyte on the surface of the carbon material resulting in SEI film formation. The
initial reversible capacity is found to be 86.5 mAh g−1 at 50 mA g−1, much lower than
that for LIBs. During the subsequent cycles (Figure 6.8a), the HGC shows sloped
charge/discharge voltage profiles without visible plateaus with the reversible capacity
becoming fairly stable. Interestingly, a difference can be found when comparing the
charge/discharge voltage profiles for LIBs and SIBs, is that the voltage plateaus below
0.2 V for LIBs is absent for SIBs, which could explain the lower sodium storage
capacity. The relatively low capacity for sodium storage reflects that HGC is possibly
not suitable for SIBs due to the absence of stable Na–C binary compounds and to the
relatively large Na+ ion dimension that makes Na+ ions difficult to be intercalated into
graphite.33 Nevertheless, owing to the existence of numerous pores and defects inside
HGC, a stable reversible capacity around 81 mAh g−1 with CE close to 98% during
cycling at 50 mA g−1 could be delivered (Figure 6.8b).
Figure 6.8 Electrochemical performances of HGC electrode for NIBs. (a)
Galvanostatic charge-discharge voltage profiles for selected cycles at the current
density of 50 mA g−1 and (b) cycling performance and CE at 50 mA g−1. Cut-off
potentials: 0.01 and 1.5 V.
6.4 Conclusions
In summary, a facile and economical route to prepare highly graphitized carbon from
low cost CaC2 at moderate temperature was developed. The CaC2-derived carbon is
characterized by a high graphitization degree and it mainly consists of 3D mesoporous
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frameworks and 2D nanosheets. The synthesized HGC, once employed as anode
material for rechargeable LIBs, exhibits excellent lithium storage performance with
reversible capacity of 272.4 mAh g−1 at 50 mA g−1 after 100 cycles and 214.2 mAh g−1
at the high current density of 500 mA g−1 after 500 cycles as well as a good rate
capability. Furthermore, the sodium-storage behavior of HGC was also investigated,
resulting in a limited electrochemical performance due to the high graphitization
degree. Finally, we expect that the introduced approach to prepare carbon materials
from CaC2 could be especially exploited by the carbon industry with also the
consequence of possibly broadening the research and development on other kinds of
carbides.
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Chapter 7 Summary and outlook
The work in this thesis has investigated various anode materials for NIBs from
different aspects, which presents fundamental studies focused on surface and interface
engineering of anatase TiO2, degradation mechanisms that occur in alloy-type anode
of Sn during sodiation-desodiation, and facile synthesis of carbon materials from low
cost carbon source of CaC2 as well as its application for NIBs and LIBs.
In Chapter 3 and Chapter 4, to improve the electrochemical performance of
anatase TiO2 by cost-effective fabrication approach, nanostructured anatase TiO2 was
simply prepared and modified by a facile surface modification approach of Al2O3
coating and a dual-modification approach of Mo doping combined with AlF3 coating,
respectively. In Chapter 3, the influence of different electrolytes and the role of Al2O3
surface coating were investigated. The Al2O3-modified TiO2 exhibited enhanced
cycling performance compared to the pristine one owing to the irreversible formation
of Na−Al−O surface layer after sodiation which was confirmed by post-mortem XPS
analysis. The study on the influence of different solvents on the electrode cycling
performance revealed that the binary EC:PC solvent mixture could lead to an
excellent cyclability with no need of the commonly used FEC additive. In Chapter 4,
the as-prepared dually modified TiO2 sample exhibited significantly enhanced sodium
storage performance comparing with the pristine and single Mo-doped TiO2,
benefiting from the combined positive impacts of Mo doping and AlF3 surface coating.
This study revealed that AlF3 coating is effective to enhance the sodium storage
capability and the dual-modification approach is indeed more desirable compared to
the single one. All these results suggest the importance of a proper surface and
interface engineering in enhancing the performance of NIB anodes. Particularly, in
future design of composite anode materials for NIBs, besides the benefits from
surface engineering of the electrode materials we should also consider the boundary
conditions such as the employed electrolytic solutions.
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In Chapter 5, the Na-ion diffusivity and mechanical instability in Sn was
investigated by employing a Sn thick film as the anode, which revealed three main
damage mechanisms resulting from the sodiation: dry lake-bed fracture, pore
formation and whisker nucleation. This is a unique result, as no other studies have
reported the formation of pores and whiskers during sodiation. The Sn whiskers can
penetrate the separator and short-circuit the electrochemical cell, thus may be a safety
concern for NIBs and should be further examined in porous electrodes that use Sn as
the active material. Nanopore formation has not been highlighted before as a damage
mechanism during sodiation and may explain the capacity fade observed in
nanostructured Sn particles in porous electrodes that do not display fracture.
Furthermore, the planar geometry of the present Sn anodes allowed a first estimate to
be obtained for the diffusion coefficient of Na+ in Sn as 6.45×10−12 cm2 s−1.
In Chapter 6, we developed a facile and economical route to prepare carbon
materials from low cost CaC2 at moderate temperature by using a sulfur-based
reaction. The as-prepared carbon was comprehensively analyzed by various
techniques, showing that it is characterized by a high graphitization degree and
mainly consisted of 3D mesoporous frameworks and 2D nanosheets. When used as
anode materials for NIBs, it displayed relatively low capacity, however, it exhibited
excellent lithium storage performance with high reversible capacity as well as a good
rate capability. Highly graphitized carbon is not suitable for NIBs because of the
relatively large Na+ ion. Hard carbon as NIB anode is more appealing. However, we
expect that the introduced approach to prepare carbon materials from CaC2 could be
especially exploited by the carbon industry with also the consequence of possibly
broadening the research and development on other kinds of carbides.
In summary, the fundamental studies on various NIB anodes in this thesis could
help us better understand the importance of surface and interface engineering in
improving the electrochemical performance and rational design of
micro-/nano-structures and/or nanocomposites for advanced NIB anodes. Of course,
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in request of suitable anode materials for NIBs, a great deal of work needs to be done:
(1) develop an advanced synthetic methodology characterized by low cost and good
scalability;
(2) explore new electrode materials with high performance;
(3) to better understand the sodium mechanisms of the anode materials by using DFT
methods, nuclear magnetic resonance (NMR) spectroscopy, X-ray adsorption
spectroscopy (XAS), Mossbauer spectroscopy and other techniques;
(4) in-depth studies of the structure and kinetics of electrode materials and the
electrode/electrolyte interfaces with the help of advanced characterization
techniques, particularly in situ techniques, such as X-ray diffraction, neutron
diffraction, soft X-ray absorption spectroscopy, and Raman spectroscopy;
(5) prototype work for full-cell NIB technology is needed. In consideration of
currently most of the work is based on Na half cells, it is essential to evaluate the
performance of the electrode materials in full cell NIBs with the aim of
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